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ABSTRACT 
Oxide semiconductors have been widely utilized because of their unique electronic 
properties and high stabilities in various environments for solar energy applications. Although 
oxide semiconductors have shown successful records as an active light-absorbing layer or 
transport layer in many photovoltaic and photocatalytic devices, their relatively large optical 
band gap and limited tunability in intrinsic electronic properties remain to be overcome for more 
broad range of applications. Many efforts have focused on enhancing visible-light absorption and 
charge carrier separation, and decreasing carrier recombination. Such approaches, however, have 
shown limited success in only a few oxide materials. The difficulty in adjusting intrinsic 
properties is originated from the relatively high defect concentration (1/1000) that typically gives 
rise to intrinsic defect levels and in turn determines the majority carrier type. In this regard, there 
have been significantly increased efforts to find the new routes, which are more versatile to a 
wide range of oxide semiconductors. In this work, I present unique approaches to overcome 
these difficulties in various material system including oxide semiconductor, metallic oxide, and 
composite. This approach was achieved by combining the ability to synthesize high-quality thin-
films, control the strain via substrate epitaxy, and utilize self-assembly in composite materials. 
First, I show the ability to control shape, structure, surface, and density of nanostructures of a 
model oxide semiconductor Cu2O with controlling growth kinetics and epitaxy from substrates. 
The primary advances herein include the characterization of surface potentials of individual 
nanostructure which can potentially give rise to an application of surface homojunction for the 
materials that have limited tunability in their properties. Second, I demonstrate an approach to 
utilize a significant portion of visible light spectrum by combining anatase TiO2 with 
anomalously high light-absorbing metallic oxides. I show the evolution of photocurrent in such 
heterojunction devices that originates from hot carriers transported across TiO2 simply by 
diffusion and drift, and its practical implications in photocatalytic devices where I observe at 
least an order of increased activities compared to traditional systems. Lastly, I present a new 
route to synthesize multilayered composite materials with which one can expect enhanced light 
absorption (or scattering). With model eutectic material systems including SrTiO3-TiO2, BaTiO3-
TiO2, and SrMnO3-MnO2, I present systematic studies of the synthesis of a new state of matter 
and explore the mechanism for formation of novel, layered structures. By engineering growth 
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kinetics and controlling composition and epitaxy, I demonstrate the synthesis of a novel, layered 
phase of Sr2Ti7O14 which possess unique optical, dielectric, magnetic, and thermal properties. 
The formation of layered phase is also observed in other analogous materials systems including 
BaTiO3-TiO2 but not in SrMnO3-MnOx which are also briefly discussed. These approaches in 
engineering the synthesis and employing thin-film epitaxy will give some new insights to the 
future technology of oxide semiconductors. 
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CHAPTER 1 
OXIDE SEMICONDUCTOR: 
CHALLENGE and OUTLOOK 
 
In this chapter, I begin with a fundamental overview of prior studies and approaches 
taken in oxide semiconductors to enhance their light-matter interactions, and then highlight key 
challenges related to these approaches. I then propose alternate routes to overcome such 
challenges and conclude with a summary of the organization for the reminder of the dissertation. 
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1.1 Introduction to Oxide Semiconductors 
To date, oxide semiconductors have been considered as promising materials for nano-
electronics [1,2], nonvolatile memories [3,4], energy applications [5,6], and more [7,8]. In 
particular, oxide materials will increasingly be called upon for future energy applications as 
scientists and engineers look for new materials that meet the traditional material requirements for 
efficient solar energy conversion while at the same time satisfying the need for abundant, low-
cost, non-toxic or environmentally-friendly, and easily processed materials. Among many oxide 
semiconductors, there have been two classes of materials most heavily studied: one is p-type 
oxide semiconductor, cuprous oxide (Cu2O) and another is n-type oxide semiconductor, titanium 
oxide (TiO2). 
Cuprous oxide (Cu2O) has long been studied because of the unique properties manifested 
in this material, including the observation of Bose-Einstein condensation of excitons [9,10]. 
Beyond such basic condensed matter physics studies, there has been considerable attention 
throughout the years given to Cu2O (a cubic material with lattice constants of 4.27Å  and Pn3m 
symmetry, [Fig. 1.1]) as a candidate material for photovoltaics and photocatalysis [11]. Cu2O is 
an exciting candidate for energy applications because it is non-toxic, widely abundant, is 
relatively cheap to produce, is a p-type semiconductor with a direct band gap of ~2.1 eV [12,13], 
and it has a maximum theoretical solar conversion efficiency of ~20% in a single layer 
photovoltaic cell.  Additionally, Cu2O has a relatively high hole mobility for oxide materials 
(typically in excess of ~50 cm
2
/V-s at room temperature) and a large minority carrier diffusion 
length (~1 μm in some cases) [14]. More recently, attention has turned to studying the possible 
use of this material in catalytic systems [15-17]: for example, the water-splitting capabilities of 
Cu2O. The utilization of Cu2O has mainly focused on the form of nanocrystals synthesized by 
chemical solution approaches [ 18 - 21 ] that lead to 
large surface area samples as well as tunable 
nanostructure shape evolution although there have 
been other pathways including oxidation by thermal 
annealing [15]; and growth from the vapor phase, such 
as chemical vapor deposition (CVD) [16] and 
molecular beam epitaxy (MBE) [17]. The motivating 
factor for this interest in controlling nanostructures of 
Fig. 1.1: Schematic of Cu2O crystal structure. 
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Cu2O arises from the ability of surface orientation to determine the material properties. For 
instance, it has been reported that the catalytic activity of Cu2O nanoparticles is dependent on 
crystallographic surface orientations [18]. Despite its exciting electronic and surface properties 
of Cu2O, its practical applications have not been employed due to its relatively low 
environmental stabilities. For example, it has been reported that Cu2O has the redox potentials 
for the reduction and oxidation of monovalent copper oxide lie within the band gap [22], causing 
photo-degradations in aqueous solution and under ultraviolet (UV) illumination. To overcome 
this, Cu2O has been proposed to use with conjunction with stable n-type oxide semiconductors 
which serves two roles: to define isolation from water vapor and to form effective p-n junction in 
order to promote charge carrier separation and transport [23].   
 Titanium oxide (TiO2), on the other hand, has garnered much interest in energy 
applications due to its suitable band alignments compared to water reduction and oxidation levels, 
high chemical stability, and low cost, despite low absorption in visible light spectrum. TiO2 has 
served as the backbone of dye-sensitized solar cells and in photo-electrochemical applications 
including conversion of solar energy into electrochemical work via water splitting [24-26], 
environmental remediation and wastewater purification [27,28], reduction of CO2 to simple 
organic molecules [29], conversion of hydrogen and CO2 to methane [30], and the production of 
higher-order chemical fuels [31]. Although TiO2 exists in nature in three different polymorphs of 
tetragonal anatase, rhombohedra brookite, and tetragonal rutile [Fig. 1.2(a)-(c)], anatase (often 
anatase with rutile) form has been most commonly utilized in the practical applications. This is 
due to the difficulty of synthesis of brookite structure in laboratories and the fact that anatase 
form possesses excellent surface bonding with hydroxyl groups which is critical to initiate 
Fig. 1.2: Schematic of TiO2 crystal structure. (a) anatase, (b) brookite, and (c) rutile. 
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photochemical reaction in photocatalysis [ 32]. The early studies of TiO2 have focused on 
photochemical power of TiO2 to induce chemical reactions under UV illumination: for example, 
oxidation of alcohol and the simultaneous formation of H2O2 under ambient conditions [33]. 
However, the studies of TiO2 have been developed widely for energy applications since 1972 
when Fujishima and Honda achieved UV-light-induced water-splitting using TiO2 photo-anode 
in combination with Pt counter electrode immersed in an aqueous electrolytic solution [24]. 
More recently, the main focus of TiO2 studies has been experimentally on modification or 
decrease of optical band gap to achieve better visible-light absorption [34,35] and theoretically 
on probing water absorption on TiO2 surface structure [36] and photo-excited electron behavior 
in TiO2 [37].  
 
1.2 Prior Approaches and Challenges 
The primary feature limiting the performance of oxide-based photovoltaic and/or 
photocatalytic systems has traditionally been the poor absorption of visible light in these often 
wide band gap materials. Considering the optimal band gap of 1.35 eV to utilize the most solar 
spectrum (assuming a single junction photovoltaic cell), most oxide semiconductors are not 
suitable for this purpose due to their large band gap of 2.8 eV (WO3), 2.1 eV (Cu2O), 2.3 eV 
(Fe2O3), 3.2 eV (TiO2), 2.5 eV (MnO2), 3.7 eV (SnO2), and 3.2 eV (SrTiO3) [38,39]. When 
designing next generation solar energy conversion systems (i.e., photovoltaics, photocatalysis, 
etc.) the goal is clear: develop a way to more efficiently utilize the solar spectrum and/or design a 
device to promote effective charge carrier separations under a given light absorption. To address 
this material deficiency, research has focused on two major approaches: 1) chemical 
modifications (band gap engineering) to tune the band gap of oxide semiconductors and 2) 
synthesis of composite heterojunctions that combine strong light absorbing materials with the 
catalytic activity of wide band gap oxide semiconductor (i.e., TiO2).  
In the case of band gap engineering, researchers have probed both cation and anion 
doping or alloying of wide band gap oxide semiconductors. This work falls into two main 
categories: metal or non-metal doping. Metal doping is believed to generate new energy levels 
within the band gap and it is thought that transition-metal doping can also improve the trapping 
of electrons to inhibit electron-hole recombination during irradiation but generally results in 
degraded charge carrier lifetimes [40]. Non-metal doping is thought to impact the band structure 
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in one of a number of possible ways [41], but the most effective has been through band gap 
narrowing where the band gap in N-doped TiO2 can be narrowed by ~0.7 eV as a result of the N 
2p states hybridizing with the O 2p states [35] and in hydrogenated TiO2 whose amorphized 
surface can reduce the band gap by 1.76 eV [34]. Regardless of the mechanism at play, these 
approaches can enhance overall light absorption by reducing the band gap. It should be noted, 
however, that these processes also generally give rise to degraded charge carrier lifetimes and 
diminished diffusion lengths [40]. For the utilization of these types of doped materials in the 
form of thin films for device applications, one needs to overcome such issues in carrier transport.  
Another route to utilize the visible light solar spectrum is forming heterojunction devices. 
The idea for this case has been to combine an environmentally stable, wide band gap oxide 
semiconductor (i.e., TiO2) with a lower band gap semiconductor such as CdS [42] and Si [43] 
and other oxide semiconductors such as SnO2 [44], ZnO [45], and Cu2O [23]. A more complete 
review of various geometries, materials, and architectures in this capacity is presented in Ref. 
[26]. In these heterojunction structures, the role of the wide band gap oxide semiconductor is to 
protect the underlying semiconductors from ambient environments which can oxidize or degrade 
the semiconductor materials. The semiconductors, on the other hand, play a role to absorb visible 
light spectrum. These heterojunctions operate by generating photocurrents in the low band gap 
material (such as Si or Cu2O) and then transporting the carriers into the wide band gap material 
(such as TiO2) through tunneling. In most cases, the interface between these two distinct 
materials forms a Schottky barrier which limits carrier transports. Also, the wide band gap oxide 
semiconductors possess poor crystallinities and transport properties due to low processing 
temperatures which is involved in preparing the heterojunction and required to cover the 
semiconductor surface uniformly without any pinholes. These materials tend to have poor 
interfaces with traditional semiconductors due to dissimilar crystal structure (or lattice mismatch) 
and surface energies. Additionally, due to the difficulty of having appropriate band alignments to 
the bands of the photochemical reactions, it is often required to apply external voltage bias to 
operate the heterojunction device [43]. Furthermore, these heterojunctions, especially those with 
group IV and III-V semiconductors, are often limited by interfacial defects that can dramatically 
limit device efficiency and charge transport. Thus, designing a material system possessing better 
light absorption and charge transport is a critical challenge to be solved by materials scientists. 
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In addition to these two approaches, much attention has been given to a topic called hot-
carrier injection more recently [ 46 ,47 ]. Hot-carrier injection has been demonstrated to be 
important for photovoltaics because it could provide a way to overcome classical theoretical 
efficiencies in traditional semiconductor devices by utilizing high-energy, photo-excited carriers. 
Recently hot-carrier injection was observed in quantum-dot-PbSe/rutile-TiO2, where carrier 
injection was attributed to the slow electronic relaxation of the PbSe and accepting surface states 
on the TiO2 thereby avoiding losses resulting from the thermalization of photo-excited carriers 
[48,49]. The role of hot-carrier injection has also been explored in the context of photocatalysis 
[50,51]. In this regard, it would also be ideal to harvest hot carriers potentially increasing the 
photovoltaic and photocatalytic efficiencies.  
 
1.3 Goal of Dissertation  
With the increasing demands for efficient oxide semiconductors for use in solar energy 
applications, I present three unique strategies to improve some of the problem areas of light-
matter interactions (i.e., absorption and carrier separation/transport) in oxide semiconductors: 1) 
to control the surface orientation of oxide semiconductor nanostructures for promoting 
spontaneous carrier separation in a single material, 2) to integrate wide band gap oxide 
semiconductors such as TiO2 with strongly light-absorbing and compatible oxide semiconductors, 
and 3) to explore novel, self-assembled oxide-oxide nanostructures to achieve better light 
interactions. Using a combination of advanced complex oxide thin-film deposition such as 
pulsed-laser deposition (PLD), innovative device fabrication, and cutting-edged materials 
characterization including structural, optical, transport, and device analyses, this dissertation 
work aims to design oxide material systems with enhanced light-matter interactions. This work is 
separated into three main approaches as described below. 
Strategy I is to modify the electronic properties of a single junction oxide semiconductor 
via surface orientation control without forming heterojunctions. For the study, a p-type 
semiconducting oxide, Cu2O, was chosen due to its exciting properties described in Chapter 1.1. 
The surface orientation is proven to be very critical to determine the overall performance of 
oxide semiconductors, even in single junction materials. For the deterministic control of surface 
orientations, I have employed substrate hetero-epitaxy to drive the nucleation of nanostructures 
of Cu2O in a certain way that the Cu2O follows the orientation of underlying substrates 
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(perovskite SrTiO3). I demonstrate the ability to synthesize Cu2O with varying nanostructures 
such as boxes, pyramids to huts by changing the substrate orientations (for example, (100), (110), 
and (111)). Through careful control of non-equilibrium growth process with PLD, I also was able 
to stabilize a certain type of surface orientation which is energetically unstable. From there, I 
first characterized surface properties (surface potentials) of individual facet of Cu2O 
nanostructures via atomic force microscopy (AFM)-based Kelvin probe force microscopy 
(KPFM) techniques, and provided experimental data set of Fermi energy levels of individual 
surface. In all, this work on the synthesis of various types of nanostructures and surface potential 
(or Fermi energy, 𝐸𝐹) studies has provided an excellent groundwork for the studies of other 
oxide semiconductors.  
Strategy II is to integrate TiO2 with previously unstudied highly-absorbing oxide metals 
to create heterojunctions with improved performance. In this capacity, I have focused on the 
correlated metallic oxides such as SrRuO3, La0.7Sr0.3MnO3, La0.5Sr0.5CoO3, LaNiO3, and SrVO3 
as a light absorber and demonstrated unexpected optical properties including high absorption 
across the visible spectrum (commensurate with a low band gap semiconductor) and low 
reflection compared to traditional metals. By coupling the metallic oxides to TiO2, I have 
observed dramatically enhanced visible-light absorption and large photocatalytic activity. To 
better understand the mechanisms of light absorption and photo-excited charge carrier transport 
in these materials, I have completed detailed optical property studies including spectroscopic 
ellipsometry and photospectrometry, have probed photocurrent production in model Schottky 
junction photovoltaic devices composed of the metallic oxides and TiO2, and have used 
photocatalytic decomposition of methylene blue (MB) dyes to probe reaction efficiencies and 
kinetics. This approach allows one to utilize the excellent photocatalytic activity of the TiO2 
while short-circuiting the inefficient utilization of the solar spectrum by absorbing the light in a 
different, more efficient, material. 
Strategy III is to study the synthesis and influence of TiO2-based metamaterial structures 
on light absorption. Metamaterials having characteristic length-scales on the order of tens-to-
hundreds of nanometers can give rise to dramatically different light-matter interactions [52]. I 
probed the potential to engineer enhanced light-material interactions by studying the synthesis, 
structure, and optical properties of self-assembled nanostructures derived from directionally 
solidified eutectic systems. By relying on material systems with a eutectic point or a spinodal 
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instability (i.e., any thermodynamic feature that gives rise to spontaneous phase separation), I 
presented non-traditional routes (including the use of non-equilibrium growth techniques) to 
produce self-assembled metamaterial structures. As part of this work, I investigated routes by 
which to achieve ordering and access to new length-scales in ABO3-BO2 eutectic systems (A = Sr, 
Ba and B = Ti, and Mn) with the hope that generation of novel nanostructures, and eventually 
metamaterial structures, could lead to novel light-based properties. With a focus on TiO2-SrTiO3 
system, I presented the evolution of a novel, layered phase of nominal chemical formula of 
Sr2Ti7O14 with a nanometer-spacing between layers. Then, I explored the structure and chemistry 
of the phase using diffraction, electron microscopy, and first-principles approaches. I also probed 
physical properties including optical absorption, glass-like thermal conductivity, and magnetism. 
To understand the mechanism for its formation, I investigated other material systems including 
SrMnO3-MnOx and BaTiO3-TiO2. Finally, I briefly cover the discussion of the future direction of 
this approach to achieve visible-light-active self-assembled oxide systems. 
 
1.4 Organization of Dissertation  
The reminder of this dissertation consists of five main chapters, one appendix, and a 
section for references. 
In Chapter 2, I provide an overview of techniques used for growth, PLD; basics of main 
characterization techniques including X-ray diffraction (XRD), KPFM, Ellipsometry, and TEM 
utilized in the rest of the dissertation; and methods of photovoltaic and photocatalytic device 
fabrication for helping in-depth understanding of this dissertation.  
In Chapter 3, I demonstrate the ability to control the surface orientations of single-crystal, 
epitaxial Cu2O nanostructures through controlled non-equilibrium growth techniques, PLD and 
by changing the substrate hetero-epitaxy. I also provide detailed analysis of the effects of non-
equilibrium growth on the evolution of nanostructures. Then, I present subsequent surface 
analysis as well to probe the electronic structure of the nanostructures in local area.  
In Chapter 4, I present a new route to utilize the visible light spectrum in oxide-oxide 
heterojunction devices where various types of correlated metallic oxides are employed as a 
visible-light absorber. I probe the optical properties of metallic oxides individually and then 
examine the origin of photocurrent generation from metallic oxides by fabricating Schottky 
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devices with TiO2 heterojunctions. Lastly, I conduct MB degradation experiments which 
investigate the potential of these metallic oxides to be used for photocatalysis applications. 
In Chapter 5, I develop a non-traditional self-assembly route to produce a layered 
structures which can potentially increase light-matter interactions. I combine the non-equilibrium 
growth technique, PLD, with the material systems possessing spontaneous phase separation 
tendency. I employ eutectic SrTiO3-TiO2 as a model system with which I grow the composite 
material as a thin-film form on a substrate with epitaxial constraints and under kinetically limited 
conditions. I present the discovery of a new route to produce a novel, layered phase in this 
system with a chemical formula of Sr2Ti7O14 and also provide the detailed studies of structure, 
chemistry, and physical properties. Lastly, I explore the potential of this approach to the other 
analogous eutectic material systems as well and discuss the mechanism of the formation of 
layered phase. 
In Chapter 6, I summarize major findings and contributions of this dissertation work. I 
also present a future prospectus and research needed to advance the field of oxide 
semiconductors. In Appendix A, I cover detailed information of optical data, barrier height 
analysis, and raw photocatalytic and photovoltaic curves.   
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CHAPTER 2 
SYNTHESIS, CHARACTERIZATION, AND DEVICE 
FABRICATION OF COMPLEX OXIDE 
NANOSTRUCTURES AND HETEROSTRUCTURES 
 
In this chapter, I provide a brief historical overview and recent advances of growth 
technique, PLD, for the epitaxial synthesis of complex oxide thin films as well as nanostructures. 
I then introduce the fundamental principles of laser-material interaction, plume dynamics, and 
growth modes. Following the growth, I discuss some major characterization techniques including 
reciprocal space mapping (RSM), KPFM, photospectrometry/ellipsometry, and electron 
microscopies utilized in this dissertation work for epitaxy/strain characterization, surface 
analysis, optical property measurements, and atomic structure analysis, respectively. Following 
the film characterization, I then present the details of device fabrication for photovoltaic and 
photocatalytic measurements. All of these discussions on basic background will give a solid 
grounding on in-depth understanding of this dissertation. 
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2.1 Growth Technique: Pulsed-Laser Deposition 
PLD has a long track record as a versatile, convenient growth technique of complex 
oxide thin films and nanostructures. The implementation of PLD in the growth of the thin films 
has expanded thin-film growth capabilities with its ability to controllably synthesize a wide 
range of materials (oxide, metal, and semiconductors) in various forms including: single-crystal, 
epitaxial films, multilayer films, and even nanostructures. In this chapter, I briefly cover the 
historical background of PLD and the fundamental working principles. 
 
2.1.1 Historical Progress and Overview 
A pulsed-laser-based growth technique was first used by H. M. Smith and A. F. Turner in 
1965 [53] to deposit optical grade thin films by vaporizing materials in vacuum by a laser. They 
successfully demonstrated optically satisfactory films via a ruby laser and ablated a variety of 
materials including sulfides, semiconductor compounds and oxides; but found non-stoichiometry 
in the films and adhesion problems to the substrate. Since that time, a wide variety of element 
metal thin films were grown via Nd-glass laser by J. K. Kliwer in 1973 [54] and also selective 
deposition of metal films was achieved by Ehrlich et al. in 1982 by using UV laser beam to 
photo-dissociate an organometallic gas near substrate interface [55]. In 1985, Dubowski et al. 
reported the epitaxial growth of (100) CdTe on (100) GaAs substrate by Nd:yttrium aluminum 
garnet laser. However, the real breakthrough of PLD was not achieved until Dijkkamp et al. who 
successfully synthesized Y-Ba-Cu oxide superconductor thin films by using short wavelength 
excimer laser in 1987 [56]. The Y-Ba-Cu oxide films were found to be nearly stoichiometric and 
possess superconductivity at onset temperatures close to bulk (95K). This work demonstrates 
some of the key characteristics of PLD, the stoichiometric transfer of materials from target and 
high growth rate of 1 nm/sec. Since Dijkkamp et al., there has been a tremendous wave of 
interest and excitement in this technique for the growth of a large class of materials: high-
temperature cuprates [57], colossal magnetoresistance materials [58], ferroelectrics [59], and 
multiferroics [60]. Due to the lack of competitive growth techniques for high quality films of 
multicomponent materials and easy stoichiometric transfer of materials from target to substrate, 
PLD has attained increasing interests and adaptation in materials community. Recently, 
researchers have expanded the capabilities of this technique through the implementation of 
Laser-MBE (ultra-high vacuum PLD or in situ monitored PLD), which possesses a reflection 
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high energy electron diffraction (RHEED) used for in situ monitoring the film growth mode (i.e., 
layer-by-layer, step-flow, or island) and film thickness. 
 
2.1.2 Fundamental Principles  
2.1.2.1 Laser-Target Interaction 
The interaction between laser pulses and target materials strongly depend on the 
wavelength of the laser and laser intensity. Considering the most commonly used laser of KrF 
(248 nm, laser fluence of 1-3 J/cm
2
, and a laser duration of ~25 ns), the principle mechanism of 
laser-beam interaction with materials in PLD is considered to be electronic scattering [61,62]. 
Incident photons from the laser beam strike the target material, and generate electron-hole pairs 
and electronic excitations on a femtosecond timescale. In a few picoseconds, the excited carriers 
thermalize and lose their energy to the surrounding crystal lattices. This causes electron-lattice 
(or phonon) scattering and gives rise to a strong heating of the lattice. The heating rates as high 
as 10
11
 K/s and instantaneous gas pressures of 10-500 atm. at the target surface have been 
reported [63]. The spontaneous heating of the lattice is so high that it generates numerous defects 
and weakly bound atoms which eventually desorb from the surface. This mechanism 
successfully explains a couple of experimental observations of high emission rate and high 
temperature (>1000K) of the ejected atomic species [64]. 
In such mechanism, the wavelength of the laser has a significant role in determining the 
degree of homogeneity and yield of ablated species. In most cases, shorter wavelength in UV 
region is preferred in PLD techniques because most materials have a high probability of 
absorption in high photon energy (short wavelength) light. Also, the penetration depth of light in 
the short wavelength region is only a few hundreds of nanometers, which can result in more 
efficient, homogeneous ablation in the top thin layer of target material. Most of the energy 
should be absorbed in the very top surface of materials to prevent potential subsurface boiling 
which can result in a large number of particulates at the film surface. Additionally, by confining 
the laser in a few tens of nanometer of material in depth, local high energy can be achieved and 
easily go beyond the threshold energy of ablation, which finally results in stoichiometric transfer 
of target materials to the substrate. 
 
2.1.2.2 Plume Formation and Propagation 
13 
 
Ablated material species are known to be composed of clusters of atoms, molecules, 
atoms, ionized atoms, neutrons, and electrons. When the excited electrons fall back into empty 
sites of ionic species (recombination), the energy difference in the recombination process is 
emitted as characteristic photons. This recombination process happens within a few nanoseconds, 
but collisions between atomic species can re-excite the other atoms such that many microseconds 
of emissions are observed (fluorescence) [Fig. 2.1] [64].  
The properties of the plume, such as color, shape, and size, depend on several factors. If 
the laser spot size on the target is reduced keeping the fluence constant, less material is removed 
from the target and the plume becomes wider and shorter. On the other hand, if the fluence is 
increased a longer plume is produced because the initial velocity of the particles is higher. Gas 
pressure has also an influence on the length of the plume and it is often the easiest parameter that 
can be slightly modified during the deposition. Process parameters have to be adjusted in such a 
way that the plume tip touches the substrate. A plume that is too short does not provide enough 
material to the substrate, while in the case of a too long plume, the interaction of different 
elements is insufficient and adhesion to the substrate is weak. 
The propagation of plume behaves differently depending on ambient gas pressure. In 
vacuum, the plume expands adiabatically into all directions and even backward directions 
because of the high density of the plasma. Moreover, the plume in vacuum is visible to the eye 
only in the immediate vicinity of the target as there is no secondary excitation when the high 
kinetic energy plume species fly to the substrate. In ambient gas, however, the plume is scattered 
and attenuated by gas species and change its spatial distribution, deposition rate, and kinetic 
energy of adatom species. In most cases, increased gas pressure results in an increase of 
Fig. 2.1: Laser plumes ejected from (a) SrTiO3 and (b) AgCl targets. 
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fluorescence, and sharpening and slowing of the plume relative to the propagation in vacuum 
[65-67].  
 
2.1.2.3 Thin-Film Growth on Substrate and Growth Modes 
The ablated material from the plume finally sits and condenses on the relatively cool 
substrates with backside heating of typically 300-1000°C. Note that the temperature of plume 
depending on the target materials ranges from 1000 K to more than 6000 K. Following the 
landing of atoms, the initial growth can, in most cases, be described by one of three different 
modes: two-dimensional monolayer growth (Frank-van der Merwe growth) [Fig. 2.2(a)], three-
dimensional island growth 
(Volmer-Weber growth) [Fig. 
2.2(b)], and the growth of 
islands on the top of a few 
monolayers (Stranski-Krastanov 
growth) [Fig. 2.2(c)] [ 68 , 69 ]. 
When the adatom-adatom 
interactions are stronger than 
those of the adatom with 
substrate surface, the growth of 
three-dimensional islands 
occurs and is followed by coarsening of the islands, leading to rough surfaces. When the surface 
adhesive force is stronger than adatom cohesive force, however, a layer-by-layer growth mode is 
observed and complete films forms prior to growth of subsequent layers. In the intermediate 
regime, initial film growth follows the Frank-van der Merwe growth mode but become Volmer-
Weber growth above a critical thickness [68,69].  
However, in reality, the three growth modes can be more complex to describe because 
substrates are not perfectly atomically flat, but exhibit step terraces due to the miscut angle 
formed when substrate is cut. Especially for the two-dimensional growth, there are two sub-
categorized growth modes: layer-by-layer growth and step-flow growth [70,71]. In the layer-by-
layer growth mode, adatoms sit on the substrate terraces and roughen the substrate surface but 
the subsequent adatoms fill the space between sparse adatoms and finally form a full monolayer. 
Fig. 2.2: Thin film growth mode. (a) Frank-van der Merwe (two-
dimensional growth), (b) Volmer-Weber (three-dimensional island 
growth), (c) Stranski-Krastanov (island + two-dimensional layer growth). 
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This process repeats and leads to 
the growth of materials without 
showing surface roughening. The 
step-flow growth, however, occurs 
in the case of low deposition flux 
and a high diffusion rate where 
adatoms will have a tendency to 
migrate to the step edge without 
forming the island. The subsequent 
adatoms continue to adhere to the 
step edge to minimize the system 
energy and the steps growth happens. In this mode, step bunching often occurs when large 
terrace can grow faster than narrower ones [72]. In some oxide materials such as SrRuO3, the 
growth mode can be often changed during growth. Heteroepitaxial SrRuO3 films on TiO2-
terminated (001) SrTiO3 substrates have been found to change the growth mode from two-
dimensional layer-by-layer to step-flow. This is attributed to a change in the mobility of adatoms 
and switching the surface termination layer from the substrate to the film [70]. In most cases 
where smooth and uniform layers are preferred, step-flow would be the ideal growth mode 
because there are no concerns regarding to incomplete layer filling and nucleation of islands on 
top of existing islands. However, in some cases, the layer-by-layer mode is more preferred due to 
the advantage that one can monitor the growth mode with RHEED oscillation and measure the 
thickness of films during growth and deterministically control the surface termination by 
stopping the growth between layers. 
 
2.1.2.4 Pulsed-Laser Deposition Setup 
A schematic of a vacuum chamber and a laser alignment of the PLD setup utilized in this 
dissertation work are shown [Fig. 2.3]. High-power 248 nm KrF excimer laser (Coherent Inc., 
pulse duration of 25 ns, up to 1000 mJ of pulse energy) beam is focused on a target through a 
quartz optical lens (with a focal distance of 50 cm). Following the ablation, laser plume forms 
and propagates through ambient oxygen gas to the substrate (with oxygen pressure ranges of 
1×10-5-2×10-1 Torr). For the formation of crystalline phase of materials, the sample is typically 
Fig. 2.3: Schematic of PLD system. 
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heated up to 600-900°C and the oxygen pressure is appropriately set by a leak valve. Oxygen 
pressure and temperature are major two parameters determining the phase of materials. In the 
target carrousel, up to 6 targets are mounted and heterojunctions or multilayers of material can be 
synthesized. The control parameters for the film growth include substrate temperature, ambient 
gas pressure, laser fluence, laser repetition rate, and target-to-substrate distance. The laser 
fluence plays a significant role to determine the growth rate and stoichiometry of the films. 
Target-to-substrate distance is optimally set to 6.4 cm to minimize the knock-on damage of laser 
plume and to have reasonable growth rate. All of these parameters are optimized for the 
synthesis of high-quality, single-phase thin films or nanostructures, and the interplay between the 
growth parameters play significant roles to tune the growth mode, growth rate, surface 
morphology, and many other growth features. 
 
2.2 Characterization Techniques 
In this dissertation, I utilize numerous thin-film characterization tools to examine the 
quality, crystallinity, surface, and physical properties of the films grown by PLD. Such 
characterizations include AFM (tapping mode for surface morphology measurements and KPFM 
for surface potential measurements); XRD techniques (θ-2θ scans for phase/strain determination, 
X-ray reflection (XRR) for thickness measurements, and off-axis RSM for the determination of 
lattice constant and strain state); Photospectrometry/Ellipsometry (optical constant measurements 
and other optical property calculations); TEM techniques (high resolution TEM imaging, 
selective-area electron diffraction (SAED) and NBED for epitaxial relationship and structural 
determination; high-angle annular dark field (HAADF) scanning transmission electron 
microscopy (STEM) imaging for atomic position determination, and EELS for chemistry 
analysis). Following thin-film growth, heterojunction devices are prepared and characterized the 
overall device performances for energy applications with photovoltaic and photocatalytic 
measurement setup. Among the numerous techniques, I highlight a few critical techniques 
utilized in this dissertation. 
 
2.2.1 Reciprocal Space Mapping 
I performed XRD-based (Philips X’pert MRD-Pro) RSM studies in order to access the 
various information of films and between film and substrate such as lattice parameters of films, 
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in-plane/out-of-plane strain (or lattice mismatch), crystal quality of films (from peak broadening), 
epitaxial relationship between film and substrate. The working principle of XRD techniques has 
been presented elsewhere [73,74]. Here, I briefly cover the utilization of RSM for accessing the 
lattice constants of films with a few examples.  
Reciprocal space (also called k-space) is the space in which Fourier transform of real 
space is represented such that, for example, two-dimensional atomic planes are represented as 
dots in the reciprocal space. An example of reciprocal space of (111)-oriented SrTiO3 substrate is 
presented (as red cross) along the zone axis of [1-10] with an unknown phase (shown as blue 
cross, [Fig. 2.4(a)]). Ewald sphere is also overlaid on the top of the reciprocal space to show the 
available reciprocal lattices that could be reached from a given geometry of XRD instrument. 
Note that the reciprocal lattices located within blue half-circle cannot be reached from XRD due 
to the geometry and alignment of X-ray detector and source. With this Ewald sphere and 
reciprocal space, one can reach many diffraction conditions of interest and get the information of 
film position relative to the substrate position. Regarding to scans, RSM can be obtained with a 
Fig. 2.4: RSM and lattice parameter determination. (a) Reciprocal lattice overlaid on top of Ewald sphere. 
Reciprocal lattice points located within blue hemi-circle cannot be reached and obtained in XRD. (b) Scanning 
directions of ω scan and ω-2θ scan. (c)-(d) RSM examples for SrTiO3 222 and 042 diffraction conditions as well 
as unknown phase 00l and h0l. 
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set of simple line scans (in this case, ω-2θ) with a small change in one of the diffractometer 
angles (in this case, ω) [Fig. 2.4(b)]. By doing so, a full two-dimensional reciprocal space can be 
attained. Note that main axes in RSM are 𝑄𝑥 and 𝑄𝑦 which are defined as follows. 
𝑄𝑥 =
2𝜋
𝜆
 (cos(ω) − cos(2𝜃 − 𝜔))                                                      (2.1) 
𝑄𝑦 =
2𝜋
𝜆
 (sin(ω) + sin(2𝜃 − 𝜔)),                                                      (2.2) 
where 𝜆 is the wavelength of Cu K-alpha, 0.154056 nm. 
If one is interested in characterizing the lattice constant or strain of films along out-of-
plane direction, one could choose an on-axis ω-2θ line or area scan [Fig. 2.4(c)] and calculate the 
lattice constant as follows. With the given 𝑄𝑥 (0) and 𝑄𝑦 (0.87476) of the unknown phase, the 
out-of-plane lattice constant cfilm is calculated as: 
𝑑00𝑙 =
𝑐𝑓𝑖𝑙𝑚
𝑙
=
1
𝑄𝑌
=
1Å
0.87476
,                                                      (2.3) 
where the 𝑑00𝑙 is the d-spacing of (00l) planes. If one is interested in characterizing the lattice 
constant or strain of films along in-plane direction, one could choose an off-axis ω-2θ area scan 
[Fig. 2.4(d)] and calculate the lattice constant as follows. With the given 𝑄𝑥 (0.7031) and 𝑄𝑦 
(0.87476) of the unknown phase, the one of the in-plane lattice constants, afilm is calculated as: 
𝑑ℎ0𝑙 =
𝑎𝑓𝑖𝑙𝑚
ℎ
=
1
𝑄𝑋
=
1Å
0.7031
,                                                     (2.4) 
where the 𝑑ℎ0𝑙 is the d-spacing of (h0l) planes. With this approach, another in-plane lattice 
constant of bfilm can be obtained but need another RSM off-axis scan. I used these equations to 
calculate the lattice parameters of layered Sr2Ti7O14 phases in Chapter 4. 
 
2.2.2 Kelvin Probe Force Microscopy 
The Kelvin probe technique was first introduced by William Thomson (known as Lord 
Kelvin) in 1898 [75] in order to explain the formation of built-in contact potential differences 
(CPD) between metals. Although there have been significant advances in the measurement 
techniques and instrumentation that now enable more precise work function measurements of 
metals or semiconductors, the basic working principle is the same as Lord Kelvin’s original idea. 
I provide, here, a simple example of two plates of a capacitor composed of different materials 
[Fig. 2.5(a)-(c)]. When the two metals are close to each other without an electrical contact 
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between them, the work function of metals aligns relative to the vacuum level [Fig. 2.5(a)]. As 
the two metals are connected by an electrical wire, electrons flow from the metal with lower 
work function to the one with higher work function, causing the material with lower work 
function to be positively charged while the other to be negatively charged. The charge 
accumulation also leads to a built-in electric field and a CPD between two materials. The 
electron flow stops when the electric potential compensates the work function difference 
(equilibrium state) [Fig. 2.5(b)]. In this equilibrium state, the potential corresponding to the built-
in electric field is exactly the same as the CPD, which can be measured by applying external 
voltage bias of VDC gradually until the charge between two materials vanishes. In this case, the 
VDC is the same as CPD [Fig. 2.5(c)].  
This approach can be applied to bulk two materials; however, the actual measurement is 
more complicated at surfaces. In 1932, Zisman proposed an improved technique of measuring 
work function of a metal by oscillating one of the materials with a known frequency ω [76]. In 
such vibrating capacitor setup, the change of material position respect to the other material 
induces a small alternating current which is given by: 
Fig. 2.5: Basic principle of Kelvin probe 
techniques for surface potential (𝜙   or 
EF) measurements. (a) Energy diagram of 
two materials 1 and 2 with different work 
functions (𝜙1  and 𝜙2 ) before electrical 
contact. (b) Upon electrical contact, 
electron flows from material 2 to material 
1 to have energy equilibrium, leading to 
surface charges and built-in electric field. 
(c) In bulk measurements, CPD is 
measured by applying DC voltage bias 
until the surface charge and built-in 
electric field disappears. (d) In local 
surface measurements, material 2 (a 
reference sample or Kelvin probe tip in 
this case) is driven by AC voltage bias at 
frequency ω, inducing oscillation of the 
tip and the change in the surface charges. 
With monitoring the electrical force and 
applying appropriate DC voltage bias 
until the electrical force goes to zero, 
CPD can be determined [77]. 
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𝐼(𝑡) = 𝑉𝑎𝜔Δ𝐶𝑐𝑜𝑠(𝜔𝑡),                                                              (2.5) 
where 𝑉𝑎 is the externally applied DC voltage bias and Δ𝐶 is the change in capacitance between 
two materials. In this case, the CPD can be measured by applying 𝑉𝑎 until there is no capacitance 
change and the current 𝐼(𝑡) goes to zero. 
 In this regard, the Kelvin probe technique later was incorporated in scanning-probe-
based systems, where one of materials is a conductive AFM tip which oscillates at frequency ω. 
This is the current form of AFM-based KPFM. Using KPFM technique, one can measure the 
local surface potential with a conductive AFM tip in local area of sample and further obtain two-
dimensional surface potential maps. In this advanced mode of KPFM, the conductive AFM is 
operated with tapping mode (driven by AC voltage bias with frequency ω) to produce an electric 
force on the AFM tip and drive the AFM tip oscillation. This is the only force applied to AFM 
tip in KPFM and there is no mechanically driven force. The AC bias applied between tip and the 
sample produce an electrical force (𝐹) which is expressed as: 
𝐹 =
1
2
𝜕𝐶
𝜕𝑧
𝑉2,                                                                       (2.6) 
where 𝐶 is the capacitance, 𝑧 is the distance between the tip and sample surface, and 𝑉 is AC 
voltage bias applied to the tip. In this approximation, the two materials (one is sample and 
another is the AFM tip) are modeled as a parallel plate capacitor. Here, the total voltage (𝑉) 
between the tip and the sample is combination of CPD, DC voltage (𝑉𝐷𝐶) bias applied to the tip 
to get zero capacitance change to measure the CPD, and AC voltage bias (𝑉𝐴𝐶) to drive the tip to 
oscillate with the frequency ω.  
𝑉 = 𝐶𝑃𝐷 − 𝑉𝐷𝐶 + 𝑉𝐴𝐶 sin(𝜔𝑡)                                                   (2.7) 
The total electrical force induced in the tip is then expressed as: 
𝐹 =
1
2
𝜕𝐶
𝜕𝑧
(𝐶𝑃𝐷 − 𝑉𝐷𝐶 + 𝑉𝐴𝐶sin (𝜔𝑡))
2 = 𝐹𝐷𝐶 + 𝐹𝜔 + 𝐹2𝜔                        (2.8) 
𝐹𝐷𝐶 = −
1
2
𝜕𝐶
𝜕𝑧
[(𝐶𝑃𝐷 − 𝑉𝐷𝐶)
2 +
𝑉𝐴𝐶
2
2
]                                           (2.9) 
𝐹𝜔 = −
𝜕𝐶
𝜕𝑧
[(𝐶𝑃𝐷 − 𝑉𝐷𝐶)𝑉𝐴𝐶 sin(𝜔𝑡)]                                         (2.10) 
𝐹2𝜔 =
1
4
𝜕𝐶
𝜕𝑧
[𝑉𝐴𝐶
2cos (2𝜔𝑡)]                                                  (2.11) 
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Here, the first force, 𝐹𝐷𝐶 is static which indicates no frequency dependence. The second force, 
𝐹𝜔  occurs at the AC voltage drive frequency ω and the third force, 𝐹2𝜔  occurs at twice the 
frequency. The most important force in KPFM is the second force, 𝐹𝜔, with which CPD can be 
determined. By monitoring the moment when the force oscillating at frequency ω becomes zero, 
one can determine the CPD which is the same as applied DC voltage at the moment when 𝐹𝜔 = 0 
[77].   
 
2.2.3 UV-Visible-NIR Photospectrometry and Ellipsometry 
The direct measurement of percentage transmittance and percentage reflectance were 
performed by UV-visible-near-infrared (NIR) photospectrometer that have two (UV-enhanced 
and Visible-NIR) light sources, a monochrometer for selecting a specific wavelength, and 
photodetector [Fig. 2.6]. The source light directly pass through the sample and only the 
transmitted beam is collected with a reference beam, and thus absolute percentage transmittance 
can be measured. For reflectance measurements, a hemispheric sample assembly is mounted in 
the location of sample, and only the reflected beam from the sample is collected and focused into 
a single beam through the hemispheric assembly, and then the reflected beam is collected to the 
dectector. Due to the inperfect (loss in reflection) of hemispheric assembly, reflection of sample 
in most cases is underestimated by ~5-10%.  
The indirect measurements of transmittacne and reflectance were perfromed with variable 
angle spectroscopic ellipsometry (VASE) (J. A. Woollam Co, Inc.). A typical ellipsometry 
Fig. 2.6: Schematic cartoon of UV/Visible/NIR Photospectrometer. Percentage transmittance and 
percentage reflectance can be directly measured and percentage absorption is calculated from those two. 
The measureable wavelengths range from 280 nm to 3200 nm.  
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measurement configuration is shown [Fig. 2.7]. The incident light is initially linearly s- and p-
polarized, but become ellipsoidal after reflection with different magnitude of amplitude and 
angle of phase. The changes of the reflected light are important terms, the phase change (Δ) and 
amplitude change (Ψ), used later to determine the optical constants. These two terms can be 
represented as: 
tan(Ψ) 𝑒𝑖Δ =
𝑟𝑝
𝑟𝑠
,                                                            (2.12) 
where 𝑟𝑝  and 𝑟𝑠  are the Fresnel reflection coefficients for the p- and s-polarized light, 
respectively. The measured two terms of Δ and Ψ are not very informative by themselves (cannot 
be converted directly into the optical constants), but can be used to fit an optical model (called 
Forouhi Bloomer model) that describes the interaction between the incident light and the sample. 
In the model, a series of parameters including 
thicknesses of substrate and films, number of 
layers, and optical constants (𝑛  and 𝑘 ) of each 
layer are used as input parameters and then 
through an iterative optimization process the 
optical constants of the interested layer are 
determined. All of the optical properties of all 
oxide films studied in this disseration were 
characterized by VASE.  
 
2.2.4 STEM Imaging, EELS Analysis, and Atomic Modelling 
Cross-sectional TEM and STEM samples were prepared by standard TEM sample 
preparation procedures of mechanical wedge polishing and ion milling. STEM images were 
taken on a 200 kV JEOL JEM2200FS STEM, equipped with a CEOS 3
rd
 order probe forming 
spherical aberration (CS) corrector to reduce the probe beam size down to ~1 Å  [78]. A 26 mrad 
probe convergence (half) angle and a 100 mrad ADF inner angle are used for HAADF. The 
energy resolution for EELS is 0.8 eV measured by the full-width at half maximum (FWHM) of 
the zero loss peak. Nano-area electron diffraction (NAED) patterns were collected with JEOL 
2010F, operated at 197 kV with 50-100 nm coherent parallel probes with a divergence angle less 
than 0.05 mrad. EELS spectroscopic imaging were measured by scanning the sample and the 
Fig. 2.7: Basic ellipsometry configuration. Eip and 
Eis are the electric field of incident p- and s-
polarized light, respectively. Erp and Ers are the 
electric field of p- and s-component of reflected 
light. Note that the linear incident light becomes 
ellipsoidal. 
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substrate with 10×10 nm square area and averaging over more than 5 different spots (with a 
probe size of ~1 Å , and energy resolution of ~1.0 eV and a dispersion of 0.27 eV per channel). 
Atomic models of the proposed structure were constructed by a three-dimensional 
visualization program, VESTA 3
 
[79], the Z-contrast STEM image simulations were done using 
QSTEM developed by C. Koch [80], and the diffraction simulations were produced by Web 
Electron Microscopy Applications Software (WebEMAPS) [ 81 ]. The simulated Z-contrast 
images were produced with the following electron beam conditions: high voltage = 200 kV, 
defocus = -60 nm, spherical aberration = 1.0 mm, temperature = 300 K, TDS runs = 20, and 
detector angles = 70-200 mrad. To generate the simulated (kinematical selected area) diffraction 
patterns, the crystal system, the space group, and the unit cell lattice parameters and angles 
determined from experiments were appropriately inserted. From there, the diffraction pattern was 
generated assuming an electron potential of 200 keV, a [001] zone axis, with the x-axis along [0-
10], 0° of x-tilt, 0° of y-tilt, a camera length of 2000 mm, and gMAX value of 3.75. 
 
2.3 Device Fabrications: Photovoltaic and Photocatalytic Applications 
2.3.1 Photovoltaic Devices 
For the TiO2/metallic-oxide heterojunction devices for photovoltaic measurements, 10-50 
nm thick metallic oxides are grown on (001)-oriented SrTiO3 or LaAlO3 substrates with optimal 
growth conditions described in Chapter 4.3. On the top of metallic oxides, 100 nm TiO2 was 
deposited as a transport layer. This thickness was chosen for effective carrier transport and to 
prevent short circuiting between two electrodes. The metallic oxides were also used for bottom 
electrode. 100 nm thick, 100 μm diameter circular transparent conducting oxide indium tin oxide 
(10% SnO2-doped In2O3, ITO) contacts were fabricated as top electrode for the TiO2/metallic-
oxide heterojunctions, and the resulting devices were used to measure dark and light current-
voltage (I-V) characteristics. The circular top ITO electrodes were prepared by traditional 
photolithographic techniques in which hundreds of the same sized circular patterns with 
diameters of 25, 50, 100, and 200 μm were prepared. By measuring dark resistance or leakage 
currents at various voltages, the device is tested before measuring under illumination. High 
resistance and low leakage currents were preferred during the test because high current mostly 
indicates shorted circuit for these TiO2/metallic-oxide devices. Thus, the transport TiO2 layer is 
sandwiched by two conducting oxides of ITO (top) and metallic oxide (bottom). Light 
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measurements were completed using a range of longpass glass filters in order to differentiate the 
photocurrent generated from light absorption in the metallic oxide alone as compared to that 
from the entire TiO2/metallic-oxide heterojunction. In all cases, AM1.5G light was used as the 
starting illumination and longpass glass filters cutting off progressively more of the AM1.5 
spectrum at increasing wavelengths were used to step through the solar spectrum (details of all 
light-based measurements and additional information on the various longpass glass filters are 
provided in Appendix A). 
For solar simulator used for measuring the photovoltaic response of the devices, a 
collimated 300 W Xe arc lamp is used with an AM1.5G filter and condenser lens (Newport 
Corp.). In the case of the I-V measurements, the condenser lens was focused into a single-fiber 
optic cable with a focusing lens at the end to produce a light spot 2 mm in diameter on the 
sample. Two probes were contacted to the top electrode of ITO and bottom electrodes of metallic 
oxides. The bottom electrodes were exposed to the top side by making a deep scratch to the top 
surface where ITO top electrodes are not deposited and by putting a small droplet of Ag paste to 
make an electrical contact through TiO2. The I-V characteristic curves from the devices were 
measured with sourcemeter instrument (Kiethley 2400) and the data is in situ monitored on a 
computer via Labview program.  
 
2.3.2 Photocatalytic Devices and Measurement Setup 
Photocatalytic activity measurements were performed by MB photo-degradation 
experiments, where a closed-loop test apparatus is used, which recirculates a MB solution from a 
reservoir open to atmospheric pressure with an initial concentration of 1.04 ppm in de-ionized 
water (pH = 7) at a flow rate of 13.4 mL/min. The reaction chamber is composed of the mounted 
sample, a polydimethylsiloxane (PDMS) block with a cylindrical void containing penetrations 
for incoming and outgoing fluid connections, and a quartz window. This assembly is held in 
place vertically by a compression plate and the light from the condenser lens was centered on the 
sample [Fig. 2.8(a)]. (Note that the light in the figure is without the condenser lens present for 
the purposes of obtaining a photograph). The size of the light spot was measured by exposure to 
thermal paper and was completely contained within the sample area so that no direct light was 
incident on the electrical connections or the platinum. The samples were mounted on platinum-
coated borosilicate glass slides with 2-part epoxy. The total surface area of platinum was 
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repeatedly controlled to be 1.18 
cm
2
. Electrical connection was 
made from the metallic oxide to 
the platinum with silver paint and 
all electrical connections as well as 
the sides of the sample and 
substrate were covered with epoxy 
to prevent exposure to the solution 
[Fig. 2.8(b)]. The samples were run 
for 2 hours in the dark to establish 
a baseline for the MB adsorption 
on the sample and then were 
exposed to 3,760 mW/cm
2
 full 
AM1.5G spectrum light and 3,280 
mW/cm
2
 AM1.5G spectrum with a 𝜆𝑂𝐷2 = 416 nm (ЖC-11) longpass glass filter, where the 𝜆𝑂𝐷2 
stands for the wavelength cutoff below which the longpass filters have an optical density (OD) of 
2 or higher. The MB concentration was measured in situ, once per minute at the peak light 
absorption wavelength of MB (665 nm), by light absorption using a tungsten lamp with a Teflon 
UV-filter and photodectector (Ocean Optics) [Fig. 2.8(c)-(d)].  
  
Fig. 2.8: Photocatalytic measurement setup. (a) Closed-loop MB de-
coloration experimental setup under defocused illumination. (b) 
Schematic illustration of the sample mounting. (c) Transmittances of 
MB solution as compared to de-ionized (DI) water. (d) Time-
dependent auto-oxidation of MB. 
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CHAPTER 3 
SEMICONDUCTING OXIDE NANOSTRUCTURE: 
Cu2O 
 
In this chapter, I introduce a number of simple, but novel routes to deterministically 
control the shape, surface facet, orientation of oxide semiconductors using Cu2O as an example. 
Epitaxial Cu2O nanostructures with different shapes and geometries – from boxes to pyramids to 
huts – were grown via PLD. By varying the adatom energy and flux per laser pulse, I can tune 
the nature of the nanostructure geometry, the total density of features, the relative surface area to 
volume ratio, and can create polar, non-equilibrium surfaces. In addition to detailed structural 
analysis of the nanostructures, high-resolution KPFM was employed for the first time to 
systematically analyze the surface potential and probe the electronic structures of the (100), 
(110), and (111) surfaces of Cu2O. These studies demonstrate the potential utilization of surface 
homojunction in oxide semiconductors where extrinsic doping is difficult to tune the properties 
but excited charge carriers under illumination can be spontaneously separated across the 
interface between different facets and in turn can give rise to effective charge carrier separation 
in solar energy devices. 
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3.1 Introduction 
In Chapter 1, I have briefly reviewed prior approaches to enhance light absorption and 
charge-carrier separation in oxide semiconductors. So far, researchers have shown some success 
in this regard by decreasing optical band gap by doping or alloying for better visible-light 
absorption, and by enhancing charge carrier separation by creating heterojunction structures 
which generate built-in field. These approaches, however, have been demonstrated in only a few 
oxide semiconductors such as TiO2 and thus there are still increasing needs for general solutions 
that can be applicable to most other oxide semiconductors. Also, note that in oxide 
semiconductors it is generally difficult to modify the majority carrier type and to tune the band 
gap without creating defect sites simply by extrinsic doping. This is mostly attributed to their 
intrinsic defects such as cation interstitials and oxygen vacancies formed during growth or 
processing. For these materials, it would be ideal to bring p-n heterojunction structure by 
combining n-type and p-type oxide semiconductors, but a limited number of p-type oxide 
semiconductors have been reported so far. 
In this regard, the question naturally arises as to whether one can utilize a single material 
within which we can generate different energy states, effectively separating charge carriers? 
Although there might be a number of pathways to this end point, our work will explicitly show 
that this can be realized in nanostructures possessing different types of facets which can possess 
different energy states. In this chapter, I demonstrate the ability to use epitaxial thin-film growth 
to control the crystallographic surface orientation of Cu2O nanostructures grown on SrTiO3 
substrates using PLD. By fine tuning the nature of the deposition process, I can deterministically 
grow high-quality, epitaxially-oriented nanostructures of Cu2O with various sizes, densities, and 
exposed crystal surfaces. I also demonstrate the ability to control the shape of nanostructures by 
tuning the adatom energy and flux rate. Furthermore, I present the first direct measurement of the 
surface potentials and electronic structure of the different crystallographic surfaces of Cu2O 
through the use of high-resolution KPFM and provide two-dimensional surface potential maps of 
surface junctions thought to be of great importance to photocatalysis of water. These experiments 
allow me to construct a proposed energy band diagram for the various surfaces of Cu2O 
nanostructures and provide insight into future device structures based on this material. 
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3.2 Epitaxial Growth and Substrate Orientation Effect on Structure Evolution 
3.2.1 Growth of Cu2O Nanostructures  
Cu2O nanostructures were synthesized by PLD in an on-axis geometry using a KrF 
excimer laser (𝜆 = 248 nm) from a cupric oxide (CuO) ceramic target (Praxair, 99.995%). They 
have been grown on a variety of substrates, but here I focus on the growth on single-crystal 
SrTiO3 (001), (110), and (111) substrates. Growth temperatures were varied from 650 to 750°C 
and the nanostructures were grown and cooled in 1 mTorr of oxygen (this oxygen pressure was 
selected after referring to the copper-oxygen phase diagram) [82]. Unless otherwise noted, each 
set of nanostructures was grown using 840 pulses of the laser (7 minutes at 2 Hz). The structural 
nature of the nanostructures was probed using four-circle XRD (Philips X’pert MRD-Pro) and 
field-emission scanning electron microscopy (SEM, Hitachi S-4800 operated at 15kV). Tapping-
mode AFM was used to study the surface morphology of the nanostructures and KPFM studies 
(done using Pt-coated tips including ElectriTap190-G and ElectriTap300-G (Budget Sensors), 
NSC35 (Mikromasch), and NCHPt (Nanosensors)) were additionally undertaken (Asylum MFP-
3D). KPFM studies were done at a constant height of 50 nm following an initial height image in 
tapping mode. 
 
3.2.2 Surface Analysis of Cu2O Nanostructures  
Observation of the Cu2O nanostructures following growth with AFM reveals that the 
nanostructures directly mimic the crystallographic symmetry of the underlying substrate [Fig. 
3.1]. Square or rectangular nanostructures were observed on SrTiO3 (001) with a flat-top, 
plateau-like structure [Fig. 3.1(a)] and the edges of the nanostructures lie parallel to the edges of 
the substrate ([100] and [010]). Line traces across the nanostructures [Fig. 3.1(b)-(c)] confirm the 
plateau shape with abrupt step-edges (the observed step-edge is artificially broadened due to 
limitations in tip geometry in the AFM; the average radius of the tips used in this study are 
between 10-20 nm, corresponding to the width of the observed step-edge). On SrTiO3 (110), two 
different rectangular nanostructures were observed with either flat-top, plateau-like or hut-like, 
angled surface geometries [Fig. 3.1(d)]. Although the majority of these features are found to be 
oriented with the long axis of the nanostructure along the [1-10] of the substrate, I have observed 
a small fraction that have the long axis aligned along the [001]. Line traces across the short axis 
of such plateau-like nanostructures [Fig. 3.1(e)] reveal similar structure to those grown on 
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SrTiO3 (001). Line traces across the hut-like nanostructures [Fig. 3.1(f)] reveal a symmetric, 
angled structure with an angle between the (110) substrate surface and the surface of the 
nanostructure of 44.75° ± 0.75°. (All angles are the result of statistical analysis of a large number 
of nanostructures, at different locations on a given substrate, and across at least 5-10 different 
samples.) Finally, two types of nanostructures are observed on SrTiO3 (111) substrates. The first 
possesses a triangular pyramid shape and all triangular features are found to point along the [1-
10] direction of the substrate. The second type of nanostructure found on SrTiO3 (111) substrates 
possesses a long, rectangular structure with a hut-like, angled surface (similar to that observed on 
SrTiO3 (110)) and are found to have their long axis aligned along the <11-2> of the substrate, 
with no observed preference for a specific <11-2> direction (Note that across these samples three 
variants of such nanostructures are observed). Line traces of the triangular pyramid 
nanostructures were done along all three equivalent directions of the feature, a sample of which 
is shown [Fig. 3.1(h)]. From close inspection of SEM and AFM images, it is found that these 
nanostructures are actually triangular pyramids, with truncated edges and tops. The line trace 
[Fig. 3.1(h)] goes across one of the truncated edges, across the apex, and down the flat side of the 
nanostructure. Such a line trace gives rise to two important angles. First, the angle between the 
Fig. 3.1: High resolution AFM images and corresponding line-traces completed at the dashed lines for Cu2O 
nanostructures on (a)-(c) SrTiO3 (001), (d)-(f) SrTiO3 (110), and (g)-(i) SrTiO3 (111) substrates. Important angles 
are shown where appropriate. 
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(111) surface of the substrate and the truncated edge of the pyramid which is found to be 35.2° ± 
0.82° and second, the angle between the (111) surface of the substrate and the flat facet of the 
nanostructure which is found to be 52.8 ± 4.6°. Likewise, line traces completed on the hut-like 
nanostructures [Fig. 3.1(i)] reveal symmetric features with an angle between the (111) substrate 
surface and the facets of the nanostructure to be 41.5° ± 2.2°.  
 
3.2.3 Structure and Orientation Analysis of Cu2O Nanostructures 
Structural analysis and determination of epitaxial relationships were also completed using 
XRD [Fig. 3.2]. θ-2θ scans of nanostructures grown on SrTiO3 (001), (110), and (111) substrates 
reveal that the structures are single phase, possessing no evidence of CuO or other impurity 
phases. Additionally, nanostructures grown on SrTiO3 (001) and (110) substrates were found to 
grow epitaxially – possessing only 00l [Fig. 3.2(a)] and hh0 [Fig. 3.2(b)] diffraction peaks, 
respectively. Nanostructures grown on SrTiO3 (111) substrates were found to possess diffraction 
Fig. 3.2: Wide angle θ-2θ XRD scans of Cu2O nanostructures on (a) SrTiO3 (001), (b) SrTiO3 (110), and 
(c) SrTiO3 (111) substrates. Corresponding in-plane epitaxy was determined from 𝜙-scans on (d) SrTiO3 
(001), (e) SrTiO3 (110), and (f) SrTiO3 (111) substrates. Corresponding schematic illustrations of 
nanostructure shape and epitaxy on (g) SrTiO3 (001), (h) SrTiO3 (110), and (i) SrTiO3 (111) substrates. 
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peaks corresponding to hh0 and hhh diffraction conditions [Fig. 3.2(c)]. The triangular pyramid 
structures observed [Fig. 3.1(c)] correspond to nanostructures with (111) orientation and the long, 
rectangular hut-like structures correspond to (110)-oriented features. Furthermore, 𝜙-scan studies 
revealed in-plane epitaxial relationships of [100]Cu2O//[100]SrTiO3 and [010]Cu2O//[010]SrTiO3 [Fig. 
3.2(d)], [001]Cu2O//[001]SrTiO3 and [1-10]Cu2O//[1-10]SrTiO3 [Fig. 3.2(e)], and [1-10]Cu2O//[1-
10]SrTiO3 and [11-2]Cu2O//[11-2]SrTiO3 [Fig. 3.2(f)] for Cu2O nanostructures on SrTiO3 (001), (110), 
and (111) substrates, respectively.  
Combining these XRD results with the previous angle analysis from the AFM line traces, 
I can produce a full crystallographic picture of the nanostructures. On SrTiO3 (001) substrates, 
the plateau-like nanostructures grow (001)-oriented and are made up entirely of {100} surfaces 
[Fig. 3.2(g)] – a result that has never been reported for nanostructures grown from the vapor 
phase. On SrTiO3 (110) substrates, all nanostructures grow (110)-oriented and for the plateau-
like nanostructures the top surface is a {110} surface and the sides are a combination of two 
{001} and two {1-10} surfaces while for the hut-like nanostructures the sides are {001} surfaces 
[Fig. 3.2(h)]. Finally, the triangular pyramid nanostructures on SrTiO3 (111) grow (111)-oriented, 
the truncated edges of the nanostructures are {110}-type, the flat, side-surfaces of the pyramid 
are {100}-type, and the top surface is {111}-type [Fig. 3.2(i)]. And finally, the hut-like 
nanostructures, which grow (110)-oriented, have {100}-type side surfaces [Fig. 3.2(i)]. 
These observations are quite different from the findings reported previously for the 
epitaxial growth of Cu2O nanostructures. Specifically growth on both SrTiO3 (001) [83,84] and 
LaAlO3 (001) [85] revealed the formation of square pyramidal shapes possessing {111}-crystal 
facets that grew rotated by 45° with respect to the underlying substrate crystal lattice (similar 
results were also observed on MgO (110) [16]). In the current work, however, the Cu2O 
nanostructures are found to directly map out the underlying crystallographic nature of the 
substrate and possess decidedly different crystal shapes. Additionally, observations from 
previous results had suggested that the {111} Cu2O surface should have considerably lower 
surface energy than the {100} surface (Note that more recent density functional theory (DFT) 
calculations further suggest that the {111} surface has lower energy than both the {100} and 
{110} surfaces) [22]. In the current work, however, I observe many nanostructures possessing 
highly polar {100} and {110} surfaces contrary to previous results. What is clear is that the 
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growth of these nanostructures is strongly influenced by the deposition process – which can be 
used to effectively tune the nature of nanostructure epitaxy and shape of the nanostructures. 
 
3.3 Discussion of Growth Process and Kinetics 
The formation of these Cu2O nanostructures, directly mimicking the crystallographic 
orientation of underlying substrates, is found to be significantly affected by growth techniques 
and kinetics as discussed in Chapter 3.2. Here, I include the detailed discussions of the 
nucleation and growth kinetics of Cu2O nanostructures and the effect of growth temperature and 
substrate orientation effects on growth modes. This may be critical for one to understand the 
mechanism and model the process of nanostructure formation driven by substrate epitaxy in 
oxide semiconductors. 
To begin, it is important to understand the initial growth mode of Cu2O during the first 
few number of laser ablation and the sticking coefficient of Cu atoms on surface at the elevated 
growth temperature. From the island formation at the initial stage, it is straightforward for one to 
determine that Cu2O on SrTiO3 substrates is governed by either Stranski-Krastanov (layer + 
island) or Volmer-Weber (island) growth mode. Both growth modes indicate that there are 
significant contributions of misfit strain energy between Cu2O and SrTiO3 due to the mismatch 
of lattice constant and crystal structure, and low chemical potentials (or atomic interactions) 
between Cu atoms.  
For more detailed understanding on the growth in atomic-scale point of view, it would be 
ideal to know the sticking coefficient of Cu atoms on SrTiO3 surfaces at high temperatures. Due 
to the lack of studies on this matter, however, I systematically studied and presented the effect of 
growth temperature on the density, volume and size of Cu2O nanostructures grown on (001)-, 
(110)-, and (111)-oriented SrTiO3 substrates [Fig. 3.3]. Reports of sticking coefficients (or the 
ratio of incident atoms in the dose that are deposited as adatoms) suggest levels close to 1 when 
the substrate is at room temperature. I anticipate, qualitatively, that the sticking coefficient of Cu 
atoms will decrease with increasing substrate temperature and will increase as the laser fluence 
decreases since the kinetic energy of the adatom decreases with the laser fluence. Although I 
cannot concretely measure the sticking coefficient, I provide some insight into the nature of the 
response of this system. I present the density of nanostructures (μm-2), the average volume of 
single nano-features (nm
3
), and the total volume of deposited material (nm
3
 for a 5 × 5 μm area) 
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as a function of substrate orientation at a given growth temperature of 750°C [Fig. 3.3(a)-(b)] 
and as a function of growth temperature on a given substrate orientation (SrTiO3 (111)) [Fig. 
3.3(c)-(d)]. It is clear from this data that the sticking coefficient and the nucleation/growth 
kinetics are different on the different substrate orientations. For instance, at a constant 
temperature the total volume of material is higher on (110) samples, despite the fact that the 
average volume of an average nanostructure is considerably higher on (111) substrates. As a 
result of the variations in sticking coefficient and surface diffusion/adatom mobility, the average 
size of the nanostructures varies dramatically between orientations. At the same time, if one 
investigate a single substrate orientations (in this case the (111) surface), one can find that as 
temperature is increased, consistent with classic nucleation/growth behavior, the density of 
nanostructures decreases and the average volume of those structures increases as growth is 
favored over nucleation. Furthermore, the sticking coefficient (as is suggested by analysis of the 
total volume of material) is found to go down with increasing temperature. 
Note also that the dose per pulse has been carefully controlled to be as consistent as 
possible throughout the entire deposition time – meaning the doses from the first and last laser 
Fig. 3.3: Systematic studies of nano-structure evolution. (a) Density of nanostructures per square micron and 
average volume nanostructures and (b) total volume of Cu2O nanostructures in a 5 × 5 μm area at 750°C as a 
function of substrate orientation. (c) Density of nanostructures per square micron and average volume 
nanostructures and (b) total volume of Cu2O nanostructures in a 5 × 5 μm area on SrTiO3 (111) substrates as a 
function of substrate temperature. 
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pulse are very similar. This is achieved by careful pre-ablation preparation of the target, even 
usage of the entire target surface, and short deposition times (generally 7 minutes). From the 
analysis, it is suggested that, holding all other variables constant (i.e., temperatures, substrate 
orientation, deposition rate, and others), the laser fluence has the largest impact on nanostructure 
shape. One can imagine a number of possible epitaxial configurations and nanostructure facets 
based on the crystallography of the Cu2O and the substrate. These various nanostructure epitaxial 
orientations and crystal shapes each represent a local minimum in the global energy landscape of 
the system. Although the lowest energy configuration seems to be that consistent with the work 
done by CVD and MBE growth (i.e., Cu2O [110]//SrTiO3 [100] and Cu2O [001]//SrTiO3 [001] 
with square-pyramidal structures with exposed {111} surfaces), the other configurations/shapes 
observed in this work can occur given the right energetics. Simply increasing the temperature of 
the substrate or the pulse rate of the laser did not impact these configurations or shapes – only 
varying the laser fluence had a marked effect. Again, the hypothesis is that the higher adatom 
energies associated with increased laser fluence allows the material to overcome the barrier 
energy which separates the various epitaxial and structural variants and thereby enables the 
growth of the previously unobserved cube-on-cube, {100} faceted structures on SrTiO3 (001) 
and other novel structures.  
It is likely the case that higher fluence causes an increase in local adatom concentration – 
effectively increasing the Å /minute growth rates. To probe this idea, I changed the laser 
repetition rate at constant laser fluence to effectively increase the growth rate. I examined a range 
of increased repetition rates, but saw no dramatic change in nanostructure epitaxy and shape. 
Two samples were grown at a constant laser fluence of 0.78 J/cm
2
 (just as in the case of [Fig. 
Table 3.1: Density (number of islands 
per 1×1 μm2), average volume (Vave), 
and total volume of Cu2O islands per 
1×1 μm2 grown at 2 Hz and 4 Hz laser 
repetition rate. 
Fig. 3.4: AFM images of samples grown at 0.78 J/cm
2
 laser 
fluence at 750°C on SrTiO3 (001) substrates for 7 minutes 
at (a) 2 Hz and (b) 4 Hz laser repetition rate. Note the same 
epitaxial growth and nanostructure shape.  
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3.3(a)]) at 750°C on SrTiO3 (001) substrates [Fig. 3.4]. From the sample grown at 2 Hz or an 
effective growth rate of ~4 Å /min [Fig. 3.4(a)], the epitaxial relationships of Cu2O [100]//SrTiO3 
[100] and Cu2O [001]//SrTiO3 [001] are observed as shown in Chapter 3.3 as well as flat-top, 
box-like nanostructures with {100} surfaces. Increasing the repetition rate increases the effective 
growth rate to ~8 Å /min. and results in nanostructures that are essentially exactly the same [Fig. 
3.4(b)] in both epitaxy and shape. Even from the studies done up to 10 Hz or 20 Å /min., no 
shape and orientation changes were observed. The table also provides a comparison of these 
growths [Table 3.1]. Increasing repetition rate increases the density of the structures slightly and 
essentially doubles the average volume and total volume of Cu2O on the film. At no point have I 
observed that increasing the effective growth rate in the absence of a change in the laser fluence 
causes a change in the epitaxy and/or nanostructure shape. Thus, the deposition rate and adatom 
kinetic energy are increased as the laser fluence increases, but increasing the deposition rate 
alone does not impact the nanostructure shape.  
 
3.4 Laser Fluence Effect on Structure Evolution 
As part of this study I have investigated the effect of a number of growth parameters on 
the nanostructure growth. For instance, substrate orientation is found to effect the density of 
nanostructures with growth on SrTiO3 (111) producing significantly lower densities, but larger 
average volume nanostructures [Fig. 3.1]. At the same time, growth temperature is also found to 
greatly impact the evolution of these nanostructures. Specifically as the temperature is increased, 
the density of nanostructures decreases and the average volume of a given feature increases, 
suggesting that the increased temperature greatly enhances the adatom mobility on the surface 
and enhances growth at the expense of nucleation [Fig. 3.3(c)]. However, the variable found to 
have the largest effect on the nanostructure growth was laser fluence. Fixing the growth 
temperature at 700°C, I have varied the laser fluence from 0.78 J/cm
2
 [Fig. 3.5(a)] to 0.59 J/cm
2
 
[Fig. 3.5(b)] to 0.39 J/cm
2
 [Fig. 3.5(c)] and have observed marked changes in the nanostructure 
shape and epitaxy on  SrTiO3 (001) substrates. In all cases, the resulting nanostructures are (001) 
out-of-plane oriented. Samples grown at the highest energy [Fig. 3.5(a)] give rise to plateau-like 
nanostructures with the nanostructure edges aligned parallel to the <100> of the SrTiO3 (001) 
substrate. Decreasing the laser fluence by ~25% results in plateau-like nanostructures that are 
rotated by 45° relative to the underlying substrate [Fig. 3.5(b)]. Finally, by further decreasing the 
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laser fluence to half the original value, 
I obtained square pyramid (and 
truncated pyramid) nanostructures 
that are rotated 45° relative to the 
underlying substrate [Fig. 3.5(c)]. 
These nanostructures possess {111} 
crystal side surfaces and {001} top 
surfaces, and are consistent with the 
features previously observed in a 
number of publications [16,83,85,86]. 
Both this and previously published work suggests that coherent nano-island formation 
occurs for Cu2O on a number of substrates. To date, this fact has been explained as being the 
result of large lattice mismatch. Current theories suggest that the stress generated at the coherent 
epitaxial interface must be accommodated via three dimensional island growth and strain 
relaxation in Cu2O is thought to be similar to that observed for Ge on Si [87]. Furthermore, most 
reports have observed a 45° rotation of the nanostructures relative to the underlying substrate. 
Based on lattice mismatch alone, one would expect cube-on-cube growth (for example) in Cu2O 
on MgO (001); however, this is not the case. This stems from the fact that the oxygen sub-lattice 
of Cu2O is bcc while that of MgO (or any of the perovskite) is fcc. This means that a cube-on-
cube alignment would place Cu ions adjacent to Mg and O ions alternately, thereby creating a 
strong electrostatic repulsion when the Cu and Mg ions are aligned, thereby driving a 45° 
rotation of the lattice [88]. 
The differences observed in this work can be condensed down to two points: different 
nanostructure shapes and epitaxial relationships are observed in nanostructures grown via PLD. 
Both of these features can be tuned by changing the laser fluence and thus this suggests that both 
the enhanced adatom kinetic energy associated with PLD and enhanced materials flux rate at the 
surface can help the system overcome the energy barriers for creating high-energy, polar surfaces 
and unfavorable in-plane epitaxy. In fact, the average kinetic energy of an incident species 
arriving at the substrate in PLD can be as high as 1-100 eV while the incident energy of an 
adatom from a thermal deposition process, such as MBE, is on the order of 0.1-1 eV [89,90]. 
Previous studies have focused on the growth of Cu2O nanostructures via CVD [16,85] and MBE 
Fig. 3.5: SEM images of typical nanostructure geometry on 
SrTiO3 (001) substrates at 700°C and a corresponding illustration 
of the typical nanostructure geometry as a function of laser 
fluence: (a) 0.78, (b) 0.59, and (c) 0.39 J/cm
2
. 
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[83,84] which both have low adatom kinetic energies (0.1-1 eV) and reported flux rates of 
between 0.36-1.8 Å /min. and in all instances observed square pyramid structures rotated by 45° 
in-plane relative to the substrate lattice. Although the measurement and calculation of adatom 
energies in PLD can be cumbersome, based on data available in the literature [91-93], it is  
estimated that laser fluence of 0.78 and 0.59 J/cm
2
 correspond to adatom energies in excess of 1 
eV and a laser fluence of 0.39 J/cm
2
 to an adatom energy of ~0.5 eV. Additionally, flux rates for 
the samples [Fig. 3.5] range from ~0.4-4 Å /min and only when both the adatom energy and flux 
rate was brought down to levels consistent with the previous reports did the nanostructures take 
on the commonly observed geometries [Fig. 3.5(c)]. I again note that changing repetition rate of 
the laser alone did not result in the same effects as observed when laser fluence was changed. 
This further suggests that the dose per pulse and the energy of the species in that pulse are the 
key in determining the final shape and epitaxy of the nanostructures. 
 
3.5 Surface Potential Studies on Cu2O Nanostructure 
3.5.1 Measurement of Surface Potential on Individual Nanostructure  
Such fine-level control of the nanostructure shape could be essential for optimizing future 
devices based on Cu2O. As I have noted, previous work has shown that the performance of Cu2O 
as a photocatalyst for oxidation/reduction of H2O is largely dependent on not only the type, but 
the ratio and location, of the various crystallographic surfaces present [22]. Empirical 
observations of different reaction rates along with first generation DFT models suggest the 
importance of the surface properties of this material in determining functionality; however, no 
measurements of the differences in electronic structure of these surfaces has been undertaken 
until now. To do this, I have utilized KFPM [77], a scanning-probe-based technique that allows 
us to measure the surface potential difference between the scanning probe tip and the sample 
surface and to construct a two-dimensional map of the surface potential of the Cu2O 
nanostructures. Such a technique allows for the first direct comparison of electronic structure of 
the (001), (110), and (111) surfaces. I focus here on the study of nanostructures on SrTiO3 (111) 
substrates which have been shown to possess two features: triangular pyramid nanostructures 
possessing all three surfaces and hut-like nanostructures with (100) and (110) surfaces.  
High resolution AFM images (not shown) and corresponding AFM amplitude images 
(note that amplitude measures the voltage difference between the measured amplitude on the 
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detector in the AFM and the amplitude set-point and is an effective derivative of the height 
image, thus providing information about regions of constant slope on the surface) [Fig. 3.6(a) 
and (d)] of the hut-like and triangular pyramid nanostructures reveal the presence of two and 
three different surfaces, respectively. Focusing first on the KPFM analysis of the hut-like Cu2O 
nanostructures, a map of the KPFM potential [Fig. 3.6(b)] and the KPFM potential overlaid on 
the height [Fig. 3.6(c)] reveals that the highest potentials are observed on the {100} surfaces and 
intermediate potentials are observed on the {110} surfaces. Turning our attention to the 
triangular pyramids, again the highest surface potentials are observed on the highly polar {001} 
surfaces, intermediate potentials on the {110} surfaces, and the lowest potential on the {111} 
surfaces [Fig. 3.6(e)-(f)]. Based on the analysis of over 15 different samples and many more 
nanostructures, I have found that these surface potential values correspond to -530 mV, -465 mV, 
and -450 mV, relative to the Pt-coated tips used in this study, for the {100}, {110}, and {111} 
surfaces, respectively. Again, I observe a difference between {001} and {111} surfaces of ~80 
mV. To my knowledge, this is the first direct measurement of the surface potential difference of 
Fig. 3.6: KPFM studies of hut-like and triangular pyramid nanostructures on SrTiO3 (111) substrates: (a) 
and (d) AFM amplitude images showing surface topography, (b) and (e) KPFM surface potential images, 
and (c) and (f) surface potential superimposed on amplitude images for hut-like and triangular pyramid 
nanostructures, respectively. 
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the various crystallographic faces of Cu2O.  
 
3.5.2 Electronic Structure Determination from Surface Potential 
In order to determine the electronic structure of Cu2O, I have undertaken a careful set of 
experiments meant to overcome the sometimes qualitative nature of KPFM. It is widely known 
that the data collected from the KPFM can be convoluted with information about the surface 
potential, trapped surface charges, and measurement artifacts among other things, including 
considerable dependence on the tip conditions. This traditionally makes it difficult to be 
quantitative and to correlate (with any accuracy) the measured surface potential values with the 
work function of the material. To work around these limitations and provide a semi-quantitative 
band diagram for Cu2O, I have utilized a range of known and previously measured reference 
samples (i.e., Au and SrTiO3) and have worked to carefully cross-correlate the data collected 
from the KPFM with previously measured work functions and electron affinities. To do this, I 
have studied model system [Fig. 3.7(a)]. To begin, I have examined the interaction between the 
Pt-coated scanning-probe tips used here with a number of reference samples: SrTiO3 (001) and 
(111) substrates and electron-beam evaporated, grounded Au thin films. I observe an offset of 
300 mV between the Pt-coated tip and the as-received SrTiO3 substrates and an offset of -270 
Fig. 3.7: (a) Illustration of the experimental setup used to provide quasi-quantitative surface potential (or work 
function) values. (b) Proposed energy band diagram of Cu2O and reference samples. 𝜙, 𝜒, and 𝐸𝐹  represent work 
function, electron affinity, and Fermi energy values, respectively. 
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mV between the Pt-coated tip and the grounded Au 
thin films. Assuming an electron affinity for the 
SrTiO3 substrate of 4.1 eV [ 94 ], I obtain a work 
function for the Pt of 5.5 eV. It should be noted that 
this is a very reasonable number and falls into the 
middle of the measured range for Pt (5.12-5.93 eV) 
[95]. With this number set, I can examine the offset with the Au thin films which are found to 
possess a work function of ~5.2 eV; again consistent with previously measured values between 
5.1-5.47 eV [95]. Note that these surface potential values for SrTiO3 and Au are generally 
consistent to within 10-20 mV for all new tips (values are observed to drift as the scanning-probe 
tips wear with use). I have observed that the surface potential difference between the tip and the 
sample surface changes sign when the tip is severely damaged or worn out (there is a Cr-under-
layer used as an adhesion layer between the Si tip and the Pt-coating) and this can be used as an 
immediate check of the accuracy and status of the measurement. I have undergone considerable 
effort to understand the factors that affect the KFPM data acquisition and have settled on an 
optimal retraction height (i.e., the distance between the tip and the sample surface, set to 50 nm 
for all measurements reported here) as well as the appropriate power/integral gain in the KPFM 
feedback loop. With these parameters held constant, I have gone on to probe systems possessing 
grounded Au, SrTiO3, and Cu2O features with the same tips [Fig. 3.7(a)]. The cross-correlation 
of data and statistical analysis of the various surface potentials allows me to make a semi-
quantitative assessment of the work function of the Cu2O nanostructures. A schematic energy 
diagram from this data is provided [Fig. 3.7(b)]. From this analysis, I obtain an average work 
function for the Cu2O of 5.0 eV with additional small deviations in work function for each of the 
surfaces studied. A detailed description of the various Cu2O surfaces is provided [Table 3.2].  
The implications for these observations are quite dramatic. In TiO2, it has been observed 
that oxidation and reduction of H2O occur predominantly on the {001} and {011} surfaces and, 
based on computational approaches, it has been suggested that this occurs because the valence 
band of TiO2 (001) extends to somewhat higher energies as compared to the (101) surface [96]. 
The difference in energy levels between crystal faces can drive electrons and holes to different 
faces – by understanding the surface potential of all the faces available in Cu2O and by having 
fine-level control of the types of faces present in these materials, I can engineer an optimum 
Table 3.2: Table summarizing differences in 
electronic energy state (𝐸𝐹 ) for the various 
Cu2O surfaces. 
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feature for the photocatalysis of H2O. In the current work, I have observed a difference in surface 
potential between {100} and {111} Cu2O surfaces of nearly 80 mV. This strong potential 
difference could drive charge segregation to these surfaces more effectively. Thus, in an attempt 
to optimize photocatalytic activity, surface heterojunctions between {100} and {111} surfaces 
could be instrumental in enhancing these effects. Furthermore, the algorithm used here to 
analyze Cu2O could be applied to many different materials and could provide additional insight 
into the complex problems occurring in such systems in applications such as photovoltaics and 
photocatalysis. 
 
3.6 Conclusions 
I have used controlled-PLD-based epitaxial growth of Cu2O to gain deterministic control 
over the self-assembled nanostructures. I have demonstrated the ability to control the shape, 
volume, density, and surface structure through fine tuning of the growth parameters. By varying 
the thin-film growth process – especially the adatom energy (via laser fluence), I have 
established a pathway to tune the nature of nanostructure geometry. Using KPFM, I have  
measured the surface potential difference between three common crystal facets of Cu2O and have 
constructed a schematic energy diagram to describe the system. Armed with knowledge, 
researchers could open up new pathways to the study of exotic exciton and photocatalytic 
behavior in these materials, and could drive enhancements of these effects. 
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CHAPTER 4 
SEMICONDUCTING-OXIDE/METALLIC-OXIDE 
HETEROSTRUCTURES: TiO2/ABO3 
 
In this chapter, I explore new routes to harness the visible light solar spectrum which is 
limited in most semiconductor heterojunctions, by employing a light-absorbing oxide material, 
metallic oxide. Among many other metallic oxides, correlated electron metallic oxides with 
perovskite crystal structure are chosen for study due to their unique properties. Although the 
metallic oxides have been widely used as a contact material for many functional complex oxide 
devices, I have found a new use, taking advantage of its extensive visible-light absorption and 
low reflection. Such properties make it a good candidate to be utilized as an active material for 
solar energy harvesting applications. I present systematic studies on the optical response of the 
metallic oxides as a function of photon energy, which is attained by measuring photocurrents 
generated from a Schottky device with TiO2. From the measurement of non-zero photocurrents at 
zero voltage bias under the visible light spectrum below the band gap of TiO2, I find that the 
photocurrent originates from hot carriers generated within the metallic oxide not from TiO2 or 
transparent conducting oxide top contact. In order to enhance the photocurrent generation for 
practical applications, I employ the TiO2/metallic-oxide heterojunctions for photocatalytic 
devices and find at least an order of magnitude higher activity in some cases compared to 
Degussa P25 TiO2. These studies provide new insights into how to utilize hot carriers in visible-
light solar energy applications. 
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4.1 Introduction 
In Chapter 3, I have shown deterministic control over the surface structure and 
orientation in Cu2O nanostructures by applying substrate hetero-epitaxy, and presented 
systematic studies on the surface potential of individual Cu2O nanostructures via AFM-based 
KPFM techniques. From these studies, I revealed that the orientation of the growth plane of 
Cu2O nanostructures mimic the orientation of underlying substrates of SrTiO3 despite the 
differing crystal structures as well as a huge lattice mismatch of ~9.3%, which is in part also 
responsible for the island growth mode of Cu2O nanostructures. The formation of coherent Cu2O 
nanostructures enabled me to measure for the first time the surface potentials of each individual 
nanostructure which is closely related with electronic energy states (Fermi energy or work 
function) in Cu2O. These results have significant implications as to how to design a material 
system with controllable energy states for efficient charge carrier separation and transport. 
Especially for materials like Cu2O which is difficult to tune the band gap and change the 
majority carrier type by extrinsic cation doping, the formation of well-defined nanostructures 
provides a new route to induce spontaneous charge carrier separations, without requiring an 
oxide semiconductor with different carrier type. This concept of surface homojunction would be 
ideal for intrinsic p-type semiconducting oxides (which are a few in the number) and also 
practical for the energy applications that require small surface potential difference for charge 
carrier separation. However, for applications that require large potential differences at the 
interface, it would be more ideal to use p-n junction or Schottky junction to provide a stronger 
driving force for charge carrier separation. In this regard, I have aimed to explore the facility of 
heterojunction structures whereby two different materials are combined, utilizing one material as 
an efficient visible light absorber and another which is effective in charge carrier transport.  
In this chapter, I explore a new class of an oxide-semiconductor-based heterojunction 
structure where the heterojunction is designed to promote more efficient utilization of the visible 
light solar spectrum for energy applications. Specifically, I chose a model oxide semiconductor, 
TiO2, to study since it possesses excellent photocatalytic abilities as well as superb stabilities in 
various environments. I employ a functional oxide material which can absorb visible light as 
much as traditional direct band gap semiconductors and also conduct charge carriers with large 
enough conductivity to serve as an electrode. For this purpose, a series of correlated metallic 
oxides were chosen for a number of reasons: 1) their excellent transport properties, 2) high-
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quality epitaxial integration with TiO2 and substrate, and 3) their exotic optical properties I found 
from the preliminary optical studies. Previously, correlated metallic oxides have been widely 
utilized as epitaxial metal contacts in complex oxide devices although they have been widely 
explored for their novel electronic transport, magnetic properties, and other exotic physical 
phenomena [97-103]. Despite the limited utilization of metallic oxides in optical applications, it 
is not surprising that these materials are good candidates for visible-light absorber considering 
their complex but continuous electronic structures which can give rise to continuous excitation of 
charge carriers due to a number of available empty sites above the Fermi level. In this regard, I 
examine the potential of metallic oxides as a visible-light-absorbing material by investigating 
photovoltaic and photocatalytic effects in heterojunctions of anatase TiO2 together with metallic 
oxides (n-type LaNiO3, SrRuO3, and SrVO3 and p-type La0.5Sr0.5CoO3 and La0.7Sr0.3MnO3) that 
have structural, electronic, and chemical compatibility with TiO2. By coupling this material to 
TiO2, I demonstrate enhanced visible-light absorption and large photocatalytic activities. From 
photocurrent studies, I find that the devices function by hot carriers injected from the metallic 
oxides to the TiO2 regardless of the majority carrier type of metallic oxides. This observation 
provides an exciting new approach to the challenge of designing visible-light-active materials. 
 
4.2 Correlated Electron Materials: Metallic Oxide  
Correlated electron materials are some of the most intensively studied materials in 
condensed-matter physics due to their non-trivial properties resulting from strong repulsive 
electron-electron interaction. These materials include high-temperature doped cuprate 
superconductors [104], Mott insulators [105], heavy fermion materials [106], and many others 
[107-109]. Their strong electron-electron interactions are mostly found in transition-metal oxides 
that possess partially filled d- and f-electron shells with narrow energy bands [110] and cannot be 
understood simply based on one-electron approximation (mean field theory). A well-known 
example is NiO, which is an insulator with a charge gap over 4 eV due to electron-electron 
interactions despite the prediction of conductive behavior in the absence of such interactions 
[111]. VO2 is another good example and exhibits a metal-insulator transition that is attributed to 
a single unpaired d electron (that becomes delocalized when electrons are moderately correlated 
above a critical temperature). In these materials, the degree of correlation can be approximated as 
𝑈/𝐷, where 𝑈 is the effective on-site Coulomb repulsion and 𝐷 is the effective width of the 
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pertinent electronic bands. This means that electrons can be described as non-interacting 
quantities when the Coulomb interaction is weak compared to the kinetic energy of electrons. 
When 𝑈/𝐷 is large, however, each electron is localized on an atomic site with an interaction-
induced band gap (which is called a Mott insulator) [110,112]. In many transition-metal oxides, 
these electron-electron interactions happen in a highly complex manner, leading to collective 
responses that are quite difficult to predict with conventional DFT theories [112]. 
Such correlated electron materials are found in many metallic oxide systems including 
SrRuO3, La0.7Sr0.3MnO3, La0.5Sr0.5CoO3, SrVO3, and LaNiO3 which I present in this dissertation. 
These materials possess not only exotic transport and magnetic properties related with charge 
and orbital ordering, but also interesting optical properties related with their complex electronic 
structure. Their complex electronic structures originate from the interaction and overlap between 
transition-metal 3d and oxygen 2p bands near 𝐸𝐹. The interaction between these bands leads to 
the formation of a high density of state (DOS) around 𝐸𝐹 where electron interactions become 
higher. The correlated electrons behave as heavy fermions since their movement is affected by 
surrounding electrons. This behavior gives rise to unique optical behavior such as a diminished 
optical attenuation length due to slowed electron response to the electric field of light and 
increased phonon-electron scattering events, which motivated me to examine the optical 
properties of these correlated metallic oxides. Although the fundamental studies on correlated 
electron material systems are still interesting from a basic science perspective, I focus on the use 
of the remarkable electronic and optical properties of these materials for practical applications. 
 
4.3 Synthesis of Epitaxial TiO2/Metallic-Oxide Heterostructures  
Epitaxial thin-film versions of the materials of interest were grown on SrTiO3 (001) and 
LaAlO3 (001) substrates using PLD. For all cases, both single-layer metallic oxides and 
TiO2/metallic-oxide heterojunctions were produced for study. First, single-layer metallic oxides 
were grown, optimized individually and the details are described as follows. Thin films of 
SrRuO3 were grown at a laser fluence of 1.05 J/cm
2
 and laser repetition rate of 5 Hz at 660ºC in 
100 mTorr of oxygen. Thin films of LaNiO3 were grown at a laser fluence of 1.4 J/cm
2
 with a 
laser repetition rate of 5 Hz at 650ºC in 100 mTorr of oxygen. Thin films of SrVO3 were grown 
at a laser fluence of 1.0 J/cm
2
 with a laser repetition rate of 3 Hz at 660ºC in 1×10-5 Torr. Thin 
films of La0.5Sr0.5CoO3 were grown at a laser fluence of 1.4 J/cm
2
 with a laser repetition rate of 3 
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Hz at 625ºC in 100 mTorr of oxygen. Thin films of La0.7Sr0.3MnO3 were grown at a laser fluence 
of 1.6 J/cm
2
 with a laser repetition rate of 5 Hz at 700ºC in 200 mTorr of oxygen. Following 
growth, all films including SrRuO3, LaNiO3, La0.5Sr0.5CoO3, and La0.7Sr0.3MnO3 were cooled 
from the deposition temperature in 760 Torr of oxygen but for SrVO3 films cooled in vacuum. 
For the TiO2/metallic-oxide heterojunctions, following the growth of the metallic oxide 
layer, the samples were cooled in situ to 600ºC where the TiO2 layers were deposited at a laser 
fluence of 0.96 J/cm
2
 and laser repetition rate of 10 Hz in 1 mTorr of oxygen. These 
heterojunction samples were used for photocatalytic devices, but for photovoltaic devices top 
transparent conducting oxides were deposited for measuring photocurrents from metallic oxides 
to TiO2 transport layer. The transparent conducting oxide used in this study was ITO. 100 nm 
thick ITO thin films were deposited through photolithography-defined photoresist masks at a 
laser fluence of 1.0 J/cm
2
 and laser repetition rate of 5 Hz at room temperature in 20 mTorr of 
oxygen. Following growth and removal of photo-resist, samples were annealed at 300ºC for 30 
minutes in 20 mTorr of oxygen and subsequently cooled to room temperature at 20 mTorr to 
improve electronic and optical properties of the ITO. 
Fig. 4.1: XRD data. (a) θ-2θ scan of 50 nm epitaxial thin films of SrRuO3, SrVO3, and La0.7Sr0.3MnO3 on SrTiO3 
(001) substrate and of La0.5Sr0.5CoO3 and LaNiO3 on LaAlO3 (001) substrate (top to bottom). (b) θ-2θ scan of 
epitaxially grown 25 nm TiO2/50 nm SrRuO3/SrTiO3 (001) substrate. 
47 
 
All films were examined following growth via XRD and AFM. Thickness of all films 
was measured ex situ via fitting of XRD Kiessig fringes and XRR studies. Metallic oxide thin 
films were varied from 5-100 nm, anatase TiO2 films were varied from 10-100 nm. The structure, 
phase, and orientations of the films were characterized by XRD technique [Fig. 4.1]. All films 
studied were shown to be single-phase, fully epitaxial to the substrate with 00l orientation [Fig. 
4.1(a)]. In all cases, anatase TiO2 (00l-oriented) was grown on the top of metallic oxides and an 
example is shown for TiO2/SrRuO3 heterojunction structures [Fig. 4.1(b)]. The metallic oxide 
films exhibit typical metal-like conductivity consistent with prior reports [Fig. 4.2, Table 4.1] 
[97,100,113-115]. While often referred to as metals due to the decreasing resistivity with 
temperature, these materials are not metals in the traditional sense. Unlike metals which owe 
their electrical transport properties to free electrons, the electrical transport properties observed 
in these correlated metallic oxides come from a combination of complex electronic structures, 
electron correlations, defect-induced self-doping, cation alloying, and other effects. Transport 
measurements of these materials reveal high carrier concentrations (>10
21
-10
22
 cm
-3
) and low 
majority carrier mobility (0.1-10 cm
2
/V-s). 
 
4.4 Optical Properties of Metallic Oxide Thin Films 
Following growth and structural characterization, I have proceeded to study the optical 
properties of the metallic oxides. The optical studies were motivated by two facts: 1) the optical 
properties have not been widely studied in these material systems although the electronic 
transport, magnetic and electronic structure, and other aspects have been, and 2) the electronic 
Fig. 4.2: Temperature-dependent resistivity of 
50 nm epitaxial thin films of SrRuO3, SrVO3, 
and La0.7Sr0.3MnO3 on SrTiO3 (001) substrate 
and of La0.5Sr0.5CoO3 and LaNiO3 on LaAlO3 
(001) substrate. 
Table 4.1: Room temperature electrical transport of 50 nm 
epitaxial thin films of SrRuO3, SrVO3, and La0.7Sr0.3MnO3 on 
SrTiO3 (001) substrate and of La0.5Sr0.5CoO3 and LaNiO3 on 
LaAlO3 (001) substrate. 
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structure of these metallic oxides [116-120] suggests that these materials could be promising 
candidates for strong light absorption considering high and continuous DOS near 𝐸𝐹 . In this 
spirit, I have explored a range of correlated metallic oxides using both photospectrometry and 
variable-angle spectroscopic ellipsometry. The photospectrometry was used to probe UV-
Visible-near-IR transmittance, reflectance, and absorbance directly and the ellipsometry was 
employed to extract the reflectance (𝑅) and absorption coefficient (𝛼) from the refractive index 
(𝑛) and extinction coefficient (𝑘). The reflectance is calculated from the equation (4.1) and the 
absorption coefficient is calculated from the equation (4.2) below.  
𝑅 =
(𝑛 − 𝑛𝑎𝑖𝑟)
2 + 𝑘2
(𝑛 + 𝑛𝑎𝑖𝑟)2 + 𝑘2
                                                           (4.1) 
𝛼 =
4𝜋𝑘
𝜆
,                                                                    (4.2) 
where 𝑛𝑎𝑖𝑟  is the refractive index of air and 𝜆 is the wavelength of photon. Since my initial 
studies were done on SrRuO3, more detailed studies and analyses were provided for SrRuO3 and 
the same methodology were employed to probe the other metallic oxides including LaNiO3, 
SrVO3, La0.7Sr0.3MnO3, and La0.5Sr0.5CoO3.  
The reflectance of a 50 nm SrRuO3/SrTiO3 (001) heterostructure, as measured by 
photospectrometry and calculated from 𝑛 and 𝑘, was found to be 20-25% across the entire range 
of visible light [Fig. 4.3(a)]. As a comparison, the values of reflectance for representative 
elemental metals Al, Au, Pt, and Ti [121,122] are generally in excess of 60-90% across the same 
range of wavelengths. The discrepancy between the low reflectance in the SrRuO3 and the 
elemental metals indicates that the electronic structure of the former gives rise to dramatically 
different optical properties. Additionally, 𝛼 is found to peak at ~320 nm and shows high values 
(in excess of 1.5×105 cm-1) across the entire visible light range [Fig. 4.3(b)]. For comparison, the 
𝛼 for the widely used semiconductor silicon is approximately 1-to-3 orders of magnitude smaller 
than that of SrRuO3 across this same range of wavelengths with the same film thickness. 
Furthermore, the absorbance of the SrRuO3 films is observed to increase with increasing film 
thickness and matches the trend expected from the Beer-Lambert law [inset, Fig. 4.3(b)].  
The implication of this absorption for solar energy applications is illustrated by 
comparing the fraction of the AM1.5G light spectrum that is absorbed by SrRuO3 and TiO2 [Fig. 
4.3(c)]. A 100 nm TiO2 thin film absorbs only 0.91 mW/cm
2
 of the 100 mW/cm
2
 AM1.5G 
49 
 
spectrum [orange, Fig. 4.3(c)] while a 100 nm SrRuO3 thin film absorbs a remarkable 69 
mW/cm
2
 [blue, Fig. 4.3(c)]. These results indicate that SrRuO3, despite exhibiting the electronic 
character of a bad metal (behaving non-Fermi liquid) [114, 123 ], behaves optically as a 
semiconductor. Again, for comparison, a 100 nm thick film of silicon would absorb only 6.9 
mW/cm
2
, an order of magnitude less than the SrRuO3 of the same thickness. Additionally, 
although SrRuO3 has been widely studied in the condensed-matter physics community and is 
utilized as a metal oxide electrode for the epitaxial growth of many functional oxide thin-film 
devices [124], the use of this material as an optical absorber for photonic devices has not been 
considered.  
Fig. 4.3: UV-Visible-NIR light absorption of SrRuO3 metallic oxide films grown on SrTiO3 
substrates. (a) Reflectance of SrRuO3 and traditional metals: aluminum, gold, platinum, and 
titanium for comparison. (b) Absorption coefficient of 50 nm SrRuO3 by photospectrometry (red 
boxes) and ellipsometry (blue boxes) and absorptions of 25, 50, and 100 nm thick SrRuO3 and of 
SrTiO3 substrate are shown in inset. (c) Total absorption spectrum of 100  nm TiO2 and 50, 75, 
and 100 nm SrRuO3 compared to AM 1.5 spectrum. (d) Corresponding schematic band diagram 
of SrRuO3. 
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This strong light absorption is supported by experimental [116,125 , 126 ] and first-
principle [127,128]
 
studies of the electronic structure [Fig. 4.3(d)]. In SrRuO3, there is a high 
electronic DOS at 𝐸𝐹  associated with a quasi-particle band and occupied and unoccupied 
portions of the split Ru t2g bands. This structure, which has been explained using dynamic mean 
field theory [129], arises because SrRuO3 exists near a Mott transitions and thus its one-particle 
spectral function will be split into two Hubbard bands in addition to the quasi-particle band 
located at the 𝐸𝐹. Additionally, the upper Hubbard band may further split into states of t2g and eg 
symmetry. For SrRuO3, electron-electron correlations are quite weak and the Hubbard bands 
merge to form a single partly filled band at 𝐸𝐹  
 
[126]. The result is that in SrRuO3 there is 
essentially a continuous DOS above 𝐸𝐹 which allows for optical inter- and intra-band transitions 
between states and corresponding continuous light absorption across the solar spectrum. The 
combination of low reflection and high absorption, the lack of a distinct band gap, and a 
continuous DOS near and above 𝐸𝐹 make SrRuO3 an exciting light absorbing material. 
Following the SrRuO3 optical studies, I further investigated other correlated metallic 
oxide systems and provided the summary of their optical properties including total reflection and 
absorption coefficient with corresponding schematic electronic structures [Fig. 4.4]. Reflectance 
and absorption coefficient were calculated from variable-angle spectroscopic ellipsometry for the 
n-type materials, LaNiO3 [Fig. 4.4(a)] and SrVO3 [Fig. 4.4(b)]; and the p-type materials, 
La0.7Sr0.3MnO3 [Fig. 4.4(c)] and La0.5Sr0.5CoO3 [Fig. 4.4(d)]. For all films studied, the 
reflectance is < 40% for all wavelengths probed (and generally < 25% at most wavelengths) 
Fig. 4.4: Reflectance (𝑅, left ordinate) and absorption coefficient (𝛼, right ordinate) for 50 nm thin films of (a) 
LaNiO3, (b) SrVO3, (c) La0.7Sr0.3MnO3, and (d) La0.5Sr0.5CoO3. (e)-(h) Corresponding schematic band diagrams for 
the materials in (a)-(d). 
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which is significantly lower than the 90% reflectance seen in traditional metals [122]. All the 
films are visibly opaque and the optical properties are independent of the underlying substrate. 
SrVO3 and La0.7Sr0.3MnO3 [Fig. 4.4(b) and (c)] show similar trends in both reflectance and 
absorption coefficient – relatively flat, low reflectance at all wavelengths and a strong up-turn in 
the absorption coefficient near 3.1 eV or 400 nm. LaNiO3 and La0.5Sr0.5CoO3, on the other hand 
[Fig. 4.4(a) and (d)], show reflectance that steadily increases with increasing wavelength and 
relatively invariant absorption coefficients across the entire range of wavelengths. The 
implications of these observations for energy applications are illustrated by the fact that a 50 nm 
thick film of La0.5Sr0.5CoO3, LaNiO3, SrRuO3, La0.7Sr0.3MnO3, and SrVO3 will absorb 53%, 50%, 
44%, 41%, and 33%, respectively, of the AM1.5G spectrum from 280 to 1300 nm which is 
comparable to the 50% absorbed by 50 nm of In0.10Ga0.90As [130,131]
 
and much greater than the 
0.62% absorbed by 50 nm of TiO2 [132], respectively.  
The absorption coefficient and reflectance may be understood in terms of the differences 
in electronic structure of the individual materials. All the systems studied herein are known to 
possess overlapping electronic bands of different types within the range of excitation energies 
provided by the AM1.5G spectrum (±4.5 eV of the Fermi energy, 𝐸𝐹). This continuous DOS 
provides for a large range of optical transitions and the observed non-zero absorption across the 
entire wavelength range studied. The fine structure of the absorption can be understood as a 
result of slight differences in the DOSs. Beginning first with LaNiO3, where electron correlations 
are stronger, there is no quasi-particle band and the principal transitions from visible light are 
almost entirely from the occupied, upper t2g and O 2p bands (just below the 𝐸𝐹 ) to the 
unoccupied upper eg band [133] leading to a relatively invariant absorption coefficient [Fig. 
4.4(e)]. In SrVO3, however, electron correlations result in a splitting of the V t2g and eg bands, 
with the 𝐸𝐹 located within the overlap of the upper t2g and O 2p bands [Fig. 4.4(f)]. Unlike in 
SrRuO3 and LaNiO3, however, there is an energy gap just below 𝐸𝐹 which results in the rise in 
absorption coefficient at around 3 eV when electrons are excited from the occupied O 2p band to 
𝐸𝐹 [117]. Similar effects exist in La0.7Sr0.3MnO3 and La0.5Sr0.5CoO3 (although the DOS sub-band 
structure for both materials is more complex than for the n-type oxides as a result of magnetic 
and spin-lattice effects) [117,134-136] where the DOS below the 𝐸𝐹  is primarily of O 2p 
character and the above-𝐸𝐹 DOS primarily has Mn or Co 3d character. The overlap of these two 
bands occurs around 𝐸𝐹 and yields a continuous DOS. In the case of La0.7Sr0.3MnO3, the DOS at 
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𝐸𝐹  is relatively low as compared to the DOS located within a few eV on either side of 𝐸𝐹 
resulting in a small, but continuous absorption of light and a strong turn-on of absorption at 
around 3.2 eV [Fig. 4.4(g)]. In La0.5Sr0.5CoO3, the DOS at the 𝐸𝐹  is considerably higher 
compared to the DOS within a few eV on either side of 𝐸𝐹 giving rise to a high, yet relatively 
invariant absorption coefficient [Fig. 4.4(h)]. 
 
4.5 Photocurrent Measurements from TiO2/Metallic-Oxide Schottky Cells 
4.5.1. Photocurrent Generation in Schottky Junction Device  
Following the basic optical property measurements, I then studied the potential of 
metallic-oxide-based heterostructures for solar applications by probing the photocurrent 
generation and transport in TiO2/metallic-oxide Schottky junction devices. For thickness, 100 nm 
TiO2 and 50 nm metallic oxides were chosen for effective carrier transport and for sufficient 
light absorption, respectively. The metallic oxides were also used for bottom electrode. 100 nm 
thick, 100 μm diameter circular transparent conducting oxide ITO contacts were created for top 
electrode on the top of TiO2/metallic-oxide heterojunctions, and the resulting devices were used 
to measure dark and light I-V characteristics [Fig. 4.5(a), inset]. Light measurements were 
completed using a range of longpass glass filters in order to differentiate the photocurrent 
generated from light absorption in the metallic oxide alone as compared to that from the entire 
TiO2/metallic-oxide heterojunction. In all cases, AM1.5G light was used as the starting 
illumination and longpass glass filters cutting off progressively more of the AM1.5 spectrum at 
Fig. 4.5: Photocurrent measurements on ITO/TiO2/SrRuO3 Schottky junction devices. (a) Dark and (b) 
Light I-V characteristics of a 100 nm ITO/100 nm TiO2/10 nm SrRuO3 device taken with different longpass 
glass filters (the number in the key represents the 𝜆𝑂𝐷2 of the filter). 
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increasing wavelengths were used to step through the solar spectrum (details of all light-based 
measurements and additional information on the various longpass glass filters are provided in 
Appendix A). Throughout the remainder of the discussion, I will refer to the optical filters by the 
longpass wavelength cutoff below which they have an OD of 2 or higher (𝜆𝑂𝐷2).  
First, I performed I-V measurements on the most representative device, 
ITO/TiO2/SrRuO3, in dark in order to confirm the device type [Fig. 4.5(a)]. The negative current 
in negative voltage bias is expected considering that current was measured with positive bias on 
the top electrode and that the Schottky barrier is formed at the TiO2/SrRuO3 interface. Under 
AM1.5G light illumination, the diode curve is shifted to the positive current direction and a 
typical photovoltaic response is observed [Fig. 4.5(b)]. When the vast majority of light 
absorption in TiO2 is removed by utilizing longpass glass filters that cut-off light with energies 
larger than the band gap of TiO2 (~3.4 eV for the films as measured via photospectrometry 
which corresponds to all longpass glass filters with a 𝜆𝑂𝐷2 ≥ 364 nm), a series of diode curves 
with 𝐽𝑆𝐶  of 2-10 µA/cm
2
 are observed. The existence of a 𝐽𝑆𝐶  that is several orders of magnitude 
larger than the dark current even when illuminated by light with energies below the band gap of 
TiO2 clearly demonstrates that the photocurrent is generated from light absorption in the SrRuO3. 
(A full set of I-V data for the various devices as a function of cut-off wavelength are provided in 
Appendix A).  
 
4.5.2. Origin of Photocurrent: Hot Carrier  
To glean further information about the nature of the photovoltaic behavior in the 
TiO2/SrRuO3 heterojunctions, I graphed the 𝐽𝑆𝐶  observed as a function of the longpass glass filter 
𝜆𝑂𝐷2 for devices with both 10 and 50 nm of SrRuO3 [Fig. 4.6(a)]. Also, the same methodology 
was applied to analyze the other metallic oxide devices with 50 nm LaNiO3, SrVO3, 
La0.7Sr0.3MnO3, and La0.5Sr0.5CoO3 and shown together with 50 nm SrRuO3 device [Fig. 4.6 (b)]. 
Again, the 𝐽𝑆𝐶  values are at least two orders of magnitude higher than the 𝐽0. Recall that the 
SrRuO3 has strong, continuous absorption across the entire energy range probed here whereas the 
TiO2 only effectively absorbs light with energies above ~3.4 eV [Fig. 4.6(a)]. I also observe an 
exponential increase of the 𝐽𝑆𝐶  with decreasing cut-off wavelength which is a key to 
understanding the mechanism responsible for the visible light activity in these heterojunctions. 
The exponential dependence of the 𝐽𝑆𝐶  with 𝜆𝑂𝐷2  suggests that fewer photoelectrons are 
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transported over the Schottky barrier between the TiO2 and SrRuO3 as the longpass glass filters 
progressively remove more of the higher energy photons. It is obvious that the absorption of 
high-energy photons in the SrRuO3 should result in the excitation of electrons to higher energy 
states thereby effectively increasing the probability that these excited electrons will have 
sufficient energy to overcome the Schottky barrier and be transported into the TiO2. The driving 
force for this carrier injection from the SrRuO3 into the TiO2 likely arises from the fact that there 
is a 4-to-6 order of magnitude difference in carrier concentration between TiO2 (10
16
-10
18
 cm
-3
) 
and SrRuO3 (~10
22
 cm
-3
) which results in the TiO2 layer being fully depleted and also possessing 
a built-in electric field that drives charge extraction from the SrRuO3. Additionally, it should be 
noted that the observed trends and values of the 𝐽𝑆𝐶  for heterojunctions based on both 10 nm and 
50 nm SrRuO3 films are essentially the same [Fig. 4.6(a)]. This further supports the argument 
that the mechanism responsible for the observed photovoltaic effects is not bulk in nature, but 
arises from an effect near the TiO2/SrRuO3 interface since the 50 nm thick film should absorb 
~3.8 times more light than the 10 nm thick film, but both exhibit similar 𝐽𝑆𝐶  values as a function 
of cut-off wavelength. However, this different thickness of SrRuO3 plays an important role in 
photocatalytic devices and further discussion on the thickness effect will be presented in Chapter 
4.7.  
Fig. 4.6: Photocurrents measured at zero voltage bias measurements as a function of photon energy. (a) Short-
circuit current density (𝐽𝑆𝐶) as a function of photon energy for devices with 10 and 50 nm of SrRuO3 measured 
under AM1.5G illumination with various longpass glass filters as compared to the dark diode current through the 
device (𝐽0) and the absorbance of the SrRuO3 and TiO2 films. (b) Short-circuit current density (𝐽𝑆𝐶) as a function of 
photon energy measured under AM1.5G illumination with various longpass glass filters. 
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In turn, other metallic oxide devices were also characterized in dark and under 
illumination. First, the dark I-V studies were completed on the TiO2/metallic-oxide 
heterojunctions to extract values for the barrier heights at the TiO2/metallic-oxide interface (see 
Appendix A for details of barrier height estimation). Based on published values of work 
functions for these metallic oxide materials [137-145],
 
it is expected that Schottky barrier heights 
between the TiO2 and SrRuO3, La0.7Sr0.3MnO3, LaNiO3, La0.5Sr0.5CoO3, and SrVO3 of 1.3 ± 0.1 
eV, 1.1 ± 0.1 eV, ~1.0 eV, 0.7 ± 0.5 eV, and 0 eV, respectively. The error bars represent the 
range of work functions reported in the literature and the value for LaNiO3 (~1.0 eV) is based on 
only one published value. When possible, I applied standard Richardson-Nordheim equation 
fitting procedures to the dark I-V data to extract experimental barrier heights. For all materials, 
the experimentally measured barrier heights are consistent with those values noted above; 
however, for devices based on LaNiO3 and La0.5Sr0.5CoO3, the ideality factor from the fit was > 2 
and thus the accuracy of those fits are questioned. Regardless, these analyses allow me to 
identify three different classes of heterojunctions: n-n Schottky (based on SrRuO3 and LaNiO3), 
n-n ohmic junctions (based on SrVO3), and p-n (based on La0.7Sr0.3MnO3 and La0.5Sr0.5CoO3) 
junctions. 
Armed with this basic information on the junction type, I proceeded to probe the 
photocurrents at zero voltage under illumination of AM1.5G light that was filtered to remove 
progressively longer wavelengths [Fig 4.6(b)]. For all devices, except that based on SrVO3, I 
observe the generation of 𝐽𝑆𝐶  and 𝑉𝑂𝐶  which indicates that these devices perform as Schottky 
junction devices. For SrVO3, I observed no photovoltaic response since it has ohmic junction 
with TiO2. However, high background dark current was observed in SrVO3 device which is 
likely due to the increased photoconductivity of the whole device under illumination. Despite the 
differences in heterojunction type, I observe the same positive sign of photocurrents for all 
TiO2/metallic-oxide devices. This indicates that the majority of photocurrent contribution comes 
from the hot electrons, generated from metallic oxides and transported into ITO top contacts due 
to a built-in electric field inside TiO2. This photocurrent analysis can be used as the foundation 
for a range of energy devices, and also can provide us insight into the nature of the 
TiO2/metallic-oxide junction under illumination and the nature of the photocurrent generation to 
inform the use of these materials as photocatalysts, which will be discussed in Chapter 4.6. 
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Based on the band gap of the TiO2, light with energy < 3.4 eV (or > 364 nm) is not 
efficiently absorbed by the TiO2 and, in turn, the existence of 𝐽𝑆𝐶  under illumination in those 
conditions demonstrates that the photocurrent is generated from light absorption in the metallic 
oxide as it is the only active light absorbing layer. Additionally, for all devices exhibiting 𝐽𝑆𝐶  
above 𝐽0, I observe (except for SrVO3) an exponential increase in the 𝐽𝑆𝐶  with increasing cutoff 
energy. The exponential trend is observed in both the n-n Schottky and p-n devices and suggests 
that as the higher energy light is filtered out, fewer of the photoexcited electrons produced in the 
metallic oxide have sufficient energy to overcome the Schottky barrier and therefore fewer of 
these electrons diffuse across the TiO2/metallic-oxide interface. It is concluded, therefore, that 
the mechanism of photocurrent generation in these devices is hot-electron injection. In 
comparison to previous studies of hot carriers which relied on the presence of accepting surface 
states on the TiO2 accepting photoelectrons from a traditional semiconducting material; in our 
system, the carrier production and injection results from the unique electronic structure and 
resulting light absorption in the metallic oxide, and the built-in electric field in the depleted TiO2. 
Again, this is the first observation and utilization of the strong light absorption of the metallic 
complex oxide and hot-carrier injection in this system in the context of an energy application. 
Devices exhibiting no exponential photocurrent trend (i.e., those based on SrVO3) exhibit no 
photocurrent response because the ohmic junction does not provide the driving force for 
photocurrent flow. 
 
4.5.3. Proposed Band Diagrams and Analysis 
Proposed band diagrams are also constructed for TiO2/metallic-oxide heterojunctions 
based on the published work functions of those materials and the measured barrier heights 
obtained from the fitting of Richardson-Nordheim euqation (see Appendix A). The performance 
of the ITO/TiO2/SrRuO3 heterojunction device is fully characterized with proposed band diagram 
[Fig. 4.7(a)] and is found to be operated with double Schottky junctions at both the ITO/TiO2 and 
TiO2/SrRuO3 interfaces. (Supporting analysis and calculation are described in Appendix A). To 
systematically analyze each interface, I first considered a sister device structure – ITO/TiO2/Nb-
doped SrTiO3 (as illustrated and explained in Appendix A). The Nb-doped SrTiO3 was chosen 
because it has a relatively invariant low work function of 4.1 eV and allowed for direct 
interpretation of the nature of the ITO/TiO2 interface electronic structure. From this work, the 
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barrier height of the ITO/TiO2 interface was calculated from fitting the positive bias regime of 
the dark I-V response of the device with the Richardson-Nordheim equation to be ~0.85 eV. 
Using this number and the published work function of SrRuO3 (~5.2 ± 0.1eV) [138-140], I 
constructed the band diagram of ITO/TiO2/SrRuO3 with a barrier height of 0.85 eV at the 
ITO/TiO2 and 1.3 eV at the TiO2/SrRuO3 interface [Fig. 4.7(a)]. Here, the operation of the 
photovoltaic devices is based on a number of factors. To begin, the carrier concentration of the 
TiO2 layer is known to be considerably less than the carrier concentration of either the SrRuO3 or 
the ITO. This results in a full depletion of the TiO2 layer. Would the barrier heights be the same 
at both interfaces (ITO/TiO2 and TiO2/SrRuO3), no photovoltaic effect would be expected. Since 
the barrier height at the TiO2/SrRuO3 interface was found to be slightly larger, there is a resulting 
net electric field in the TiO2 that favors the transport of photo-excited carriers towards the ITO. 
This is the proposed effective mechanism for the photovoltaic effect in these junctions.  
For TiO2/LaNiO3 heterojunctions, there is a slighly lower barrier (~1.1 eV) at the 
TiO2/LaNiO3 inteface than that found in the SrRuO3-based device [Fig. 4.7(b)]. There is still 
band bending in the TiO2 and lower built-in electric field exists compared to SrRuO3-based 
device. The result is that there is smaller driving force for extraction of the hot carriers in the 
TiO2 to the ITO contacts; however, more light absorption (which potentially can generate more 
Fig. 4.7: Proposed band diagrams for 
the photovoltaic devices based on (a) 
SrRuO3, (b) LaNiO3, (c) SrVO3, (d) 
La0.7Sr0.3MnO3, and (e) 
La0.5Sr0.5CoO3. 
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hot carriers) in LaNiO3-based devices result in higher photocurrents [Fig. 4.6(b)]. For the 
TiO2/SrVO3 heterojunctions, the nature of the contact is ohmic and therefore there is no driving 
force for extraction of hot carriers to the ITO top contacts which results in no photocurrent and 
no photovoltage in the photovoltaic devices [Fig. 4.7(c)]. This is clearly shown  in photocurrent 
studies [Fig. 4.6(b)] where there is no photon-energy-dependant photocurrent changes. (Note that 
the high current in SrVO3-based device compared to 𝐽0  attributes to the increased 
photoconductivity of the whole device). The TiO2/La0.7Sr0.3MnO3 heterojunctions have p-n type, 
but function similarly to the SrRuO3-based devices in that the built-in electric field in TiO2  
drives the hot carriers to the ITO contacts. This device, however, has two different barrier 
heights: ~0.1 eV for hot electons excited from the upper empty band and ~1.1 eV for electrons 
excited from the 𝐸𝐹 of La0.7Sr0.3MnO3 [Fig. 4.7(d)]. Net effect of light absoprtion, barrier height, 
and two excitation level of La0.7Sr0.3MnO3-based device make it perfrom similar to LaNiO3- and 
SrRuO3-based devices. Likewise, the La0.5Sr0.5CoO3-based devices have two barrier heights: 0.6 
eV for hot electrons excited from the upper empty band of the metallic oxide, and 1.3 eV for hot 
electrons excited from the 𝐸𝐹 of the metallic oxide [Fig. 4.7(e)]. Net effect of the highest light 
absorption, the highest built-in electric field, and two excitation levels make the La0.5Sr0.5CoO3-
based devices the highest performer in photovoltaic devices studied in this dissertation. 
 
4.6 Photocatalytic Measurements from TiO2/Metallic-Oxide Heterostructures 
To assess the photocatalytic performance of the TiO2/metallic-oxide heterojunctions, I 
measured the photo-degradation of MB. MB photo-degradation is a widely used method to 
evaluate the visible light activities of photocatalysts
 
[146,147] and can be considered as a 
surrogate to photocatalytic water-splitting when comparing one device to another. These studies 
were achieved using a collimated 300 W Xe arc lamp with an AM1.5G filter and condenser lens 
to produce 3,760 mW/cm
2
 full AM1.5G spectrum light and 3,280 mW/cm
2
 AM1.5G spectrum 
light filtered with a 𝜆𝑂𝐷2 = 416 nm (ЖC-11) longpass glass filter (which removes more than 
99.97% of light with energy above the ~3.4 eV band gap of TiO2 and is henceforth referred to as 
UV-filtered light). Further details of the MB studies are provided in Appendix A. All 
photocatalytic studies were completed directly on TiO2/metallic-oxide heterojunctions with no 
ITO top contacts. 10 nm TiO2 and 50 nm metallic oxides were chosen for thickness, where the 
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thickness of the TiO2 was chosen to be sufficient to protect the metallic oxide from photo-
degradation while still being thin enough to support efficient charge transport [148]. 
The photocatalytic activities of the heterojunctions were presented as mass-normalized 
ones where the mass of loaded catalyst is used (i.e., the mass of both metallic oxide and TiO2 
thin films). The activities were monitored for more than 16 hours under illumination and the 
transmittance (or absorbance) of MB were measured in situ. The initial absorbance of MB was 
set to be initial MB concentration and the absorbance decay was directly represented as 
concentration decay. By monitoring the decay and fitting it with the first-order exponential decay 
curve, the absolute photocatalytic activities were extracted (raw data and fitting methods are 
included in Appendix A). The summary of normalized activities measured from individual 
TiO2/metallic-oxide heterojunctions is presented as a bar chart [Fig. 4.8(a)]. The highest mass-
normalized activity is observed for the La0.5Sr0.5CoO3-based devices and the lowest for the 
LaNiO3-based devices. It should also be noted that the activity in the La0.5Sr0.5CoO3-based 
Fig. 4.8: Photocatalytic activities of TiO2/metallic-oxides heterojunction devices. (a) Mass-normalized MB 
degradation activity for (10 nm TiO2)/(50 nm metallic oxide) heterojunctions devices under AM1.5G illumination 
(*Degussa P25 from Ref. 46). Schematic band diagrams for the photocatalytic devices for (b) SrRuO3, (c) 
La0.5Sr0.5CoO3, (d) LaNiO3, (e) La0.7Sr0.3MnO3, and (f) SrVO3. The relative reduction/oxidation potentials for pH 7 
water shown to scale on left. 
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devices is 27 and 6.2 times larger than that for a single layer TiO2 film and nanopowder Degussa 
P25 samples, respectively [147].  
The trends in mass-normalized photocatalytic activity are not simply understandable in 
the context of light absorption alone, but are a complex function of the interplay of the electronic 
structure of the metallic oxide, light absorption, junction type, barrier height, and built-in electric 
field. Additionally, unlike the case of the photovoltaics above, which include a thick 100 nm 
TiO2 layer, the photocatalyst devices have only 10 nm of TiO2 which requires the consideration 
of both drift and diffusion currents to fully understand the overall performance. In all cases, the 
hot electron diffusion current, which flows from the metallic oxide, through the TiO2, to the 
solution interface, contributes to the photocatalytic activity. To facilitate this discussion and to 
aid the understanding of the operation of the photocatalytic devices, I present proposed band 
diagrams [Fig. 4.8(b)-(f)] which are analogous to the photovoltaic band diagrams [Fig. 4.7], but 
for TiO2/water interface. Construction of these band diagrams is informed by highlighting a few 
similarities among the various devices. First, for all Schottky and p-n devices, the TiO2 layer is 
fully depleted as a result of the 4 to 6 order of magnitude difference in the carrier concentration 
between the TiO2 (10
15
-10
17
 cm
-3
) and the metallic oxides (~10
21-22
 cm
-3
). Second, because the 
metallic oxides have a carrier concentration of ~10
21-22
 cm
-3
, the solution has low ionic 
conductivity (neutral pH, low MB concentration), and the TiO2 is only 10 nm thick; the band 
alignment of the TiO2 is predominantly controlled by the metallic oxide and not affected by the 
reduction/oxidation couples. In other words, there is no strong pinning or bending of the band 
structure of TiO2 as a result of the contact with the solution.  
With these similarities in mind, I can discuss the differences among the various devices; 
first, I explain devices in which a large built-in electric field in the TiO2 enhances the 
photocatalytic activity by adding a drift current in the same direction as the diffusion current 
(SrRuO3 and La0.5Sr0.5CoO3); second, I examine the devices which have a small built-in electric 
field in the TiO2 that enhance the diffusion current by adding a small drift current that adds the 
diffusion current (LaNiO3 and La0.7Sr0.3MnO3); and lastly, I discuss the case of the device having 
no built-in electric field in the TiO2 but with low barrier height (SrVO3). Note that this category 
indicates that all devices are operated by hot electron flow regardless of the junction type or 
majority carrier type of the devices. 
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The SrRuO3- and La0.5Sr0.5CoO3-based devices [Fig. 4.8(b) and (c), respectively] both 
have a large built-in electric field in the TiO2 which enhances the photocatalytic activity by 
adding an additional driving force to diffusion current (the transfer of hot electrons injected into 
the TiO2 from the metallic oxide to the solution interface). This large electric field produces a 
drift current similar to that seen in traditionally Schottky junction devices. Although both devices 
form the built-in electric field in TiO2, the mechanism for the formation of electric field is 
different. For SrRuO3-based devices, the work function of the SrRuO3 is larger than the 𝐸𝐹 of the 
TiO2 which results in the formation of a Schottky junction and barrier heights of ~1.3 eV. For 
La0.5Sr0.5CoO3-based devices, the work function of La0.5Sr0.5CoO3 is smaller than that of the 
TiO2, but La0.5Sr0.5CoO3 forms a p-n junction with TiO2 because La0.5Sr0.5CoO3 is a p-type 
metallic oxide (i.e., the n-type TiO2 is completely depleted of free electrons by the transfer of 
holes from the La0.5Sr0.5CoO3 when the junction is formed). As a result, these devices behave 
similarly in that both drift and diffusion currents contributes to the total currents; but it is the fact 
that La0.5Sr0.5CoO3 absorbs a higher percentage of the AM1.5G spectrum (53%) than SrRuO3 
(44%) that accounts for the 2.7 times higher mass-normalized activity of the La0.5Sr0.5CoO3 
device (227 μM/hr-g) compared to the SrRuO3 device (82.1 μM/hr-g). It should also be noted 
that owing to the presence of a band gap in the La0.5Sr0.5CoO3 which is not present in the SrRuO3, 
there exists a small population of electrons in the upper empty band of the La0.5Sr0.5CoO3 for 
which there is a lower barrier to injection into the TiO2. By the comparison between these 
devices, I surmise that a high light-absorption when combined with a higher built-in electric field 
that enhances hot electron transport to the solution interface yield the best performing all-oxide 
heterojunction devices based on correlated metallic oxides even with the higher barrier heights at 
the TiO2/metallic-oxide interfaces compared to LaNiO3- and La0.7Sr0.3MnO3-devices. 
The LaNiO3- and La0.7Sr0.3MnO3-based devices [Fig. 4.8(d) and (e), respectively] 
performs similarly as the SrRuO3- and La0.5Sr0.5CoO3-based devices in that there are both drift 
and diffusion current contributions; but possess smaller built-in electric fields due to lower 
barrier heights at the TiO2/metallic-oxide interfaces. The net effect of the combination of smaller 
built-in electric field and lower barrier heights is the decrease of the photocatalytic activities. 
From these studies, it is found that the effect of built-in electric field is higher than that of carrier 
injection which can increase exponentially with decrease of barrier height. Similar to the case of 
SrRuO3 and La0.5Sr0.5CoO3 described above, the work function of the LaNiO3 is larger than the 
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𝐸𝐹 of TiO2 and the work function of La0.7Sr0.3MnO3 is smaller than that of TiO2, resulting in n-n 
Schottky and p-n junctions, respectively. For La0.7Sr0.3MnO3, the band gap of ~1.0 eV results in 
a small population of electrons in upper empty band of the La0.7Sr0.3MnO3 for which there is a 
significantly lower barrier (~0.1 eV) to the injection of hot electrons into the TiO2. The net result 
is that while the La0.7Sr0.3MnO3 has the second lowest absorption (41% for 50 nm thick film), it 
exhibits a mass-normalized activity (94.7 μM/hr-g) slightly higher than that of the SrRuO3 but 
significantly lower than the La0.5Sr0.5CoO3 devices due to competing effects of barrier height, 
electric field, and electronic structure. Without additional intra-band transition of photo-excited 
carriers, the LaNiO3-based devices show the lowest activity of 64.4 μM/hr-g in all metallic-
oxide-based devices. This analysis suggests that it is crucial to consider the amount of light 
absorption and the built-in electric field together as they play a significant role in driving the hot 
electrons in the devices.  
Lastly, I discuss the case of SrVO3-based devices [Fig. 4.8(f)] which have no built-in 
electric field in the TiO2 and no barriers (i.e., ohmic) at the interfaces. In this case, the work 
function of the SrVO3 is lower than the 𝐸𝐹  of the TiO2 which results in the formation of an 
ohmic junction. Because the junction is ohmic, there is an accumulation of charges in the TiO2 
and no barrier to hot electron diffusion from the SrVO3 into the TiO2. Surprisingly, the absence 
of such a barrier accounts for the SrVO3-based device possessing the second largest measured 
mass-normalized photocatalytic activity (154 μM/hr-g) despite having the lowest absorption of 
the AM1.5G spectrum (33%). This example demonstrates that in the design of all-oxide 
heterojunction devices based on correlated metallic oxides for photocatalysis an ohmic junction 
greatly enhances the photocatalyic activity by maximizing the hot electron transport via diffusion 
from the metallic oxides to the wide band gap oxide. 
 
4.7 Thickness Effect on Photocatalytic Response and Discussion 
4.7.1 Photocatalytic Activities in SrRuO3 Ultra-Thin Films 
The photocatalytic activity of the TiO2/metallic-oxide heterostructures was also studied 
as a function of thickness of metallic oxides (especially for SrRuO3, where a unique activity 
evolution observed with SrRuO3 thickness change); and for the range of thicknesses studied, the 
rate constant and initial reaction rate (activity) was observed to increase with decreasing SrRuO3 
film thickness under both UV-filtered light and AM1.5G illumination for SrRuO3-based devices 
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[Fig. 4.9(a)-(b)]. To put this activity in context, I compare the performance of the TiO2/SrRuO3 
heterostructures to that of a 10 nm TiO2/SrTiO3 control sample as well as other measurements of 
Degussa P25 and N-doped TiO2 nano-powders. For the latter, I make direct comparisons to the 
results of Ref. [147] which were obtained under similar experimental conditions to those used 
here, i.e., high intensity light (390 nm laser light with a light intensity of 5,090 mW/cm
2
), pH = 7 
solution, and no electrolyte. I compared the mass-normalized activities (obtained by dividing by 
the total mass of the TiO2/SrRuO3 catalyst, assuming the theoretical densities of 6.489 and 3.78 
g/cm
3
 for SrRuO3 and TiO2, respectively) and found that the normalized activity of the highest 
performing TiO2/SrRuO3 photocatalyst is more than 3 times higher than the equivalently 
normalized activity for nitrogen-doped TiO2 and more than 25 times higher than the Degussa 
P25 nanopowders from Ref. [147] (despite the use of broad-band illumination with considerably 
less light intensity). Additionally, the TiO2/SrRuO3 heterojunction has 25 times higher mass-
normalized activity than the 10 nm TiO2/SrTiO3 control sample. This enhanced performance is 
likely the result of the enhanced light absorption in the SrRuO3 layer.  
 
4.7.2 Electronic Structure Change in SrRuO3 Ultra-Thin Films 
To understand the increase in the photocatalytic activity with decreasing SrRuO3 film 
thickness, I explored a range of possible explanations including potential electronic, optical, and 
chemical changes which I will summarize here. For instance, based on the proposed model of 
hot-carrier injection, I explored whether multiple reflections of the incident light in an ultra-thin 
film could account for the large thickness-dependent increase in the photocatalytic activity due to 
Fig. 4.9: Enhanced photocatalytic activities of (10 nm TiO2)/(5, 10, 20, 50 , and 75 nm SrRuO3) devices. (a) with 
ЖC-11 UV cutoff filter and (b) with AM1.5 light. 
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increased light absorption in the top several nanometers where there is an enhanced probability 
of such hot carriers being injected. Based on the measured absorptivity coefficient of SrRuO3 
and the calculated reflectance values for the TiO2/SrRuO3 and SrRuO3/SrTiO3 interfaces I found 
that the amount of light absorbed in the top 2 nanometers of the SrRuO3 could potentially be 
increased by ~40% when going from a 50 nm to 5 nm thick SrRuO3 film. These calculations 
included up to 5 passes of the light through the thickness of the films after which the absorbed 
light intensity was <1% of the initial absorbed intensity. Although impressive, this does not 
account for the ~1500% increase in the observed raw photocatalytic activity. Another possible 
explanation was that the surface potential (i.e., the reduction/oxidation potential) of the TiO2 
changes as a function of SrRuO3 thickness. Although plausible, this is unexpected as all 
heterojunctions studied have TiO2 films prepared in the same manner with the same phase 
(anatase), exposed surface facet of [001], thickness of 10 nm, effective defect density, and all the 
TiO2 films are uniformly depleted by the high carrier concentration of the underlying SrRuO3 
layer. Therefore, the surface electrochemical properties of the TiO2 films are expected to be the 
same for all heterojunction samples. 
Additionally, I explored the evolution of the electronic transport of the SrRuO3 as a 
function of thickness. Using temperature- and magnetic-field-dependent resistivity studies, I was 
able to extract the resistivity, carrier density, and mobility for the SrRuO3 films as a function of 
thickness and in TiO2/SrRuO3 heterojunctions. The room temperature resistivity (carrier 
concentration) for 50 nm and 10 nm SrRuO3 films were found to 227 μΩ-cm (8.43 x 10
22
 cm
-3
) 
and 281 μΩ-cm (8.93 x 1022 cm-3), respectively. Even subsequent growth of a 10 nm TiO2 layer 
on the SrRuO3 film had little effect on the room temperature resistivity and carrier concentrations 
(267 μΩ-cm and 9.02 x 1022 cm-3, respectively). In all cases the room-temperature carrier 
mobility was found to be between 0.19-0.25 cm
2
/V-s. These values are consistent with that 
expected for SrRuO3 films from the extensive literature [124] and with prior thickness dependent 
studies [149-151] which suggest a critical thickness for changes in the near 𝐸𝐹  electronic 
structure (and deviation from the expected metallic and magnetic properties) of 4-5 monolayers 
(~1.5-2 nm) and relatively little effect on those properties within the range of thicknesses studied 
herein (5-50 nm). 
Such studies probe the near and below 𝐸𝐹  electronic structure of materials, but the 
process of photo-excitation generates electrons at higher energy states which cannot be probed 
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with these techniques. In the context of the proposed mechanism of hot-carrier injection, it is 
important not only to understand the near and below 𝐸𝐹 response of the material, but also the 
above 𝐸𝐹 opto-electronic response of the material as a function of thickness. To do this, I utilized 
optical conductivity which is a powerful tool for studying above 𝐸𝐹 electronic states in materials 
[152] and can be correlated to the band structure in that it provides a quantitative measurement of 
the probability of optical transitions convoluted with the electronic DOS [153-155]. According to 
Fermi’s golden rule, the optical transition rate from an initial state to a final state is a function of 
the DOS of the initial and final states. For solids, the transition matrix element that describes the 
nature of this transition also depends on the overlap integral between the initial and final states. 
In SrRuO3, the O 2p bands are hybridized with the Ru 4d and the Sr 4d bands resulting in a 
complex DOS [156,157]. Researchers have identified a number of possible transitions in this 
system including transitions from the O 2p to the Ru t2g and eg and the Sr 4d states and additional 
inter- and intra-atomic transitions (which are possible due to the hybridization with the O 2p 
bands and/or local distortions) [152] that include transitions from the occupied Ru t2g states to 
the unoccupied Ru t2g and eg and the Sr 4d states [126].  
The optical conductivity,𝜎, was calculated from the measured 𝑛 and 𝑘 values as, 
Fig. 4.10: Quantization in SrRuO3 thin films. (a), (b), and (c) Optical conductivity of 50, 10, and 5 nm thick 
SrRuO3 thin films. (d) Schematic illustration of the changes in the band structure of the SrRuO3 with decreasing 
thickness. Notice the narrowing and separation of the states above 𝐸𝐹 . 
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𝜎 = 𝑛𝑘𝜔 2𝜋⁄                                                         (4.3) 
Our measurements on the 𝜎 of thick SrRuO3 films (>25 nm) [Fig. 4.10(a)] are consistent with 
previous reports [126,158] which reveal a lower optical conductivity to the high energy side of 
the Drude peak (not shown, [Fig. 4.10]) and smooth, undulating features at photon energies 
greater than ~2.5 eV. Dramatic differences, however, are observed in thinner films where there is 
a clear evolution of fine structure and distinct separation of states in the SrRuO3 optical 
conductivity spectra [Fig. 4.10(b)-(c)]. These changes are consistent with quantization of the 
electronic states in SrRuO3 with decreasing thickness and could potentially hold the key to 
understanding the enhanced response in thinner films. Based on detailed studies of the electronic 
structure of SrRuO3 [126,149,156,157], schematic DOS diagrams were constructured for various 
thicknesses of SrRuO3 [Fig. 4.10(d)]. Valence band photoemission studies [149] suggest that the 
valence band structure of SrRuO3 changes very little with film thickness from 2.5 to 50 nm. On 
the other hand, the optical conductivity data suggest that significant changes occur across that 
same thickness regime in the above 𝐸𝐹 band structure. These changes have not been reported 
previously to the best of my knowledge. I propose that the development of distinct peaks 
corresponding to different optical transitions can be explained by quantization effects and 
subsequent narrowing of the bands above the 𝐸𝐹. In turn, this narrowing and potential separation 
of bands could change the effective lifetime of excited carriers. In thick films (50 nm) where the 
sub-bands are touching, a continuous DOS exists that allows excited carriers to thermalize and 
rapidly return to the 𝐸𝐹. On the other hand, in thinner films (5-10 nm) the DOS above 𝐸𝐹 is no 
longer continuous and, in turn, results in longer lifetime excited carriers and more efficient 
injection of carriers into the TiO2. This observation is consistent with recent first-principles 
calculations that show the evolution of sharp features in the DOS of ultra-thin SrRuO3 [150] and 
with effects in semiconductor nanostructures [159]. To prove such a hypothesis, additional 
studies of excited carrier dynamics (i.e., transient carrier lifetimes) should be completed. Such 
experiments, however, are expected to be difficult due to the potentially extremely short 
lifetimes of these excited carriers and the relatively high energy of photons needed to probe the 
features in the optical conductivity and are beyond the scope of this work. 
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4.8 Conclusions 
In conclusion, I have studied the optical, photovoltaic, and photocatalytic response of 
TiO2/correlated-metallic-oxide heterojunctions. Ellipsometric studies of the metallic oxides 
reveal their low reflectance and high absorption coefficients that enable up to 53% of AM1.5G 
spectrum to be absorbed by only 50 nm thick films due to their complex electronic structure and 
electron correlation effect. Upon studying the photovoltaic and photocatalytic response of 
heterojunctions based on these materials, I observe a number of important features. First, by 
controlling the work function and carrier type of the metallic oxide, I can produce three different 
types of heterojunctions: n-n Schottky, n-n ohmic, and p-n junctions. In turn, this variety gives 
rise to a range of different photovoltaic responses that are dominated by hot electron injection 
from the metallic oxide into the TiO2. Photocatalytic studies based on these materials reveal that 
the activity of the heterostructures is highest for p-n junctions, where the metallic oxide 
possesses strong light absorption. p-n devices have multiple carrier excitation levels, and the 
built-in electric field in the TiO2 enhances hot electron transport from the metallic oxide to the 
solution interface. Additionally, heterostructures exhibiting ohmic junctions (i.e., no barrier to 
hot electron diffusion) can overcome limitations in light absorption to show enhanced 
photocatalytic activity. In turn, combining metallic oxides with TiO2 enables the production of 
systems that greatly outperform both TiO2 films alone and other common TiO2-based 
nanoparticle systems. Improved photocatalytic response in heterostructures with ultra-thin 
SrRuO3 layers is observed and is explained by potential changes in the electronic structure above 
𝐸𝐹  that can promote carriers with longer lifetime. These studies provide a framework for the 
rational design of all-oxide photo-electrochemical devices utilizing hot electron injection and 
illustrate how correlated electron systems can significantly enhance performance in energy 
systems. 
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CHAPTER 5 
SELF-ASSEMBLED, LAYERED NANOSTRUCTURE: 
ABO3-BO2, Eutectics 
 
In this chapter, I leverage innate chemical and thermodynamic instabilities in a system 
with phase-separation tendencies and epitaxial growth to demonstrate a new modality in the self-
assembly of highly-ordered layered structures of novel, artificial materials. Using non-
equilibrium growth techniques, I found a new state of matter, for example, at the eutectic point 
of the SrTiO3-TiO2 phase diagram with nominal chemical formula Sr2Ti7O14. I explore the 
structure and chemistry of this phase using diffraction, electron microscopy, and first-principles 
approaches; and examine its physical properties including optical absorption, glass-like thermal 
conductivity, and magnetism. Furthermore, I investigate the possibility of generalization of the 
layered structures in other eutectic systems of ABO3-BO2 by replacing A- and B-cations with 
similar elements: Ba for A-cation and Mn for B-cation. Lastly, I discuss the mechanism for the 
layered structure formation. 
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5.1 Introduction 
In Chapter 3, I demonstrated the ability to control the shape, orientation and surface 
structure of the model oxide semiconductor, Cu2O, by substrate epitaxy and laser fluence, and 
also presented the surface potentials (or Fermi energies) of each individual nanostructure and 
surface facet. This approach to control surface can provide an ideal platform for the study of 
surface energy states of many other nanocrystals and demonstrate the potential energy 
applications of utilizing surface homo-junction in a single material. Surface homo-junctions can 
promote spontaneous charge carrier separation under illumination without the requirement of 
having p-n or Schottky junction. Intrinsically, the material itself can separate the photon-excited 
carriers at the interfaces between different facets and orientations, even with the same optical 
band gap and light absorption inside the material. This approach will be very useful for the 
material systems which are intrinsically n- or p-type and difficult to tune the majority carrier 
types even with extrinsic doping. In Chapter 4, I presented a new implication of harnessing the 
visible light solar spectrum with a combination of visible-light-absorbing materials and a widely 
used oxide semiconductor, TiO2. By adopting correlated metallic oxides as an active light-
absorbing material, I have shown enormously high photocatalytic activities due to hot carriers 
generated in the metallic oxide layer. This study provides new insights to the oxide community 
for the potential of metallic oxides for visible-light active applications which have not been 
considered for several decades. Simply by making a heterojunction to separate light absorption 
from carrier transport, I achieved highly efficient charge carrier transport across high-quality 
oxide interfaces in the devices. Also, this approach prevents the long-existing issue of oxidizing 
semiconductors when they are used as a light-absorbing material with TiO2. Thus, with the 
manipulation of homojunction and heterojunction devices, I turn my interest to the synthesis of 
multi-layered structures not by precise control of growth process but with a simple self-assembly 
route in which we can save efforts and time to synthesize materials but potentially possess novel 
properties.    
In this chapter, I explore a new self-assembly route to produce novel states of matter, 
whereby I combine systems with a tendency for spontaneous phase separation with non-
equilibrium deposition techniques and thin-film epitaxy. The goal is to explore the evolution of a 
classical equilibrium concept (i.e., eutectic materials) under non-equilibrium growth conditions 
that are kinetically-limited and influenced by epitaxial relationships. To do this, I focus on a 
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model oxide eutectic system: SrTiO3-TiO2. The equilibrium SrTiO3-TiO2 eutectic phase diagram 
has been known for decades [160], but this work is motivated by a number of recent studies. 
First, directional solidification of this eutectic has produced exotic, split-ring resonator-like TiO2 
features embedded in a SrTiO3 matrix [161]. Second is the use of complex shuttered thin-film 
deposition processes and epitaxy to study new members of the Srn+1TinO3n+1 Ruddlesden-Popper 
(RP) homologous series and their properties [162,163]. It should be noted that essentially all 
work on the Ti-rich side of the phase diagram has been done in the context of bulk eutectic 
systems while most thin-film work has focused on nearly stoichiometric SrTiO3 or Sr-excess 
phases. This begs the question of whether non-equilibrium growth techniques and thin-film 
epitaxy can be used to produce novel, self-assembled nanostructures or states of matter akin to 
those observed in Sr-rich SrTiO3 on the Ti-rich side of the phase diagram. Here, I provide my 
studies on the growth, structure, and properties of the Ti-rich portion of the SrTiO3-TiO2 phase 
diagram in and around the eutectic composition. It is observed that the non-equilibrium nature of 
the growth process results in unprecedented solubility of Ti in SrTiO3 and the eventual formation 
of a novel, self-assembled Ti-rich layered phase with nominal chemical formula Sr2Ti7O14. 
STEM-based studies map out the structure and valence state of this phase; first principles 
approaches explore the phase stability and electronic properties; and studies of the dielectric, 
optical, thermal, and magnetic properties reveal diminished dielectric permittivity (and low 
dielectric loss), enhanced band gap, glass-like thermal conductivity, and the potential for two-
dimensional anti-ferromagnetism. This layered structure also turns out to be highly stable in 
terms of growth parameters including temperature, and fixed in the spacing between layers 
despite systematic trials of various compositions. Even with this limited layer spacing, 
interesting optical response is expected at wavelengths on the scale of tens of nanometers, where 
light can interact with each distinct layer. Lastly, I also present other material systems with 
similar crystal structures as SrTiO3-TiO2 including BaTiO3-TiO2 and SrMnO3-MnOx with the 
hope that I can control the layer spacing with tuning the composition and that the spacing of 
layers in the structure is large enough to interact with visible light and give rise to anisotropic 
optical response in the visible light spectrum. I believe that my approach to synthesizing these 
novel layered structures will bring a new route to synthesizing layered structures including 
superlattices which potentially can accompany with novel optical properties along with tuning 
the spacing of the layers. With the limited time on these studies, I focus mainly on the SrTiO3-
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TiO2 systems in Chapter 5.4-5.6 and briefly cover other materials (BaTiO3-TiO2 and SrMnO3-
MnOx) in Chapter 5.7.   
 
5.2 Prior Studies on Self-Assembly or Artificial Synthesis of Oxides  
Self-assembled oxide nanostructures produced, for example, via eutectic phase separation, 
spinodal decomposition-like routes, and other pathways [60,164-170] have drawn considerable 
interest for their varied properties. Such approaches leverage innate chemical and 
thermodynamic driving forces that favor the spontaneous separation of two phases into an 
equilibrium state characterized by potentially complex micro- and nano-structures (i.e., layered 
structures, vertically aligned rods in a matrix, etc.) and exotic composite properties 
[167,169,171]. Researchers have demonstrated the ability to control the geometry, shape, and 
size of such phase-separated structures by tuning material composition [ 172 ], growth 
temperature [173], strain state [174], and growth and cooling rates [161,175-179]. Deterministic 
and ordered materials self-assembly in these systems is, however, a challenge. In particular, it is 
difficult to access sub-micron feature sizes in eutectic systems due to the high processing 
temperatures and fast cooling rates that must be used [164-167]. Although spinodal 
decomposition-like routes have been used to produce nanoscale features, producing ordered 
arrays of features via this approach is difficult [172]. 
 On the other hand, non-equilibrium approaches, including modern thin-film growth 
techniques, can be applied to systems to produce atomically- and chemically-precise artificial 
heterostructures and nanostructures [69,180]. Leveraging advances in deposition techniques and 
the development of in situ characterization methods, these approaches push the edge of materials 
control. Using these techniques it is possible to produce exotic new phases of materials that do 
not exist in the bulk [181,182], synthesize artificial heterostructures and novel phases [183,184], 
and control materials at the unit-cell level to enable new states of matter [185,186]. Although 
these approaches provide unprecedented control at the atomic level, they are limited in the 
geometries of phases that can be created (i.e., layered heterostructures) and the cost, complexity, 
and lack of scalability of the continuous in situ monitoring makes large scale use challenging. 
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5.3 Synthesis of Eutectic Systems 
Thin films of the various SrTiO3-TiO2 phases were grown from ceramic targets 
synthesized from SrTiO3 and TiO2 starting powders (Alfa Aesar). The composite ceramic targets 
were produced firstly by meauring, mixing, ball-milling appropriate amounts of each powder 
based on calculated molar masses; hand-pressing at 5000 psi to have ~1" diameter and ~ 0.2" 
height in sizes; low-temperature isostatic pressing at 25000 psi for ~10 minutes; and finally high-
temperature sintering at 1150°C for 6 hours. Th target compositions used in this study ranges 
from 57 mol% TiO2 (43 mol% SrO), to 67 mol% TiO2 (33 mol% SrO), to 70 mol% TiO2 (30 mol% 
SrO), to 75 mol% TiO2 (25 mol% SrO), to 77 mol% TiO2 (23 mol% SrO), to 79 mol% TiO2 (21 
mol% SrO), to 83 mol% TiO2 (17 mol% SrO), and to 90 mol% TiO2 (10 mol% SrO), and pure 
TiO2. The series of target processing produced high-density targets with ~80% of ideal 
calculated densities. Then, films between ~50-460 nm were grown at substrate temperatures 
between 700-900°C, but the best results were found between 750-800°C. The films were grown 
via PLD (KrF excimer laser, LPX 205, Coherent) at laser fluences of 0.8-2.5 J/cm
2
, laser 
repetition rates of 0.2-5 Hz, in an on-axis geometry with a target-to-substrate spacing of 6.4 cm. 
All films were grown in an oxygen pressure of 100 mTorr and, following growth, the films were 
cooled to room temperature in an oxygen pressure of 760 Torr. Growth rates of the films were 
0.2-6.6 nm/min. and the most ordered films were grown at relatively slow growth rates of 0.2-1 
nm/min. The films were mostly grown on (111)-oriented SrTiO3, LaAlO3, (LaAlO3)0.3-
(Sr2AlTaO6)0.7 (called as LSAT), and 0.7% Nb-doped SrTiO3 substrates as well as (001)- and 
(110)-oriented SrTiO3 substrates. 
Likewise, BaTiO3-TiO2 films were grown by PLD from a single composite target 
processed with the same target processing recipe described above with starting powders of 
BaTiO3 and TiO2 (Alfa Aesar). The targets prepared for the study have compositions of 27 mol% 
BaTiO3 - 73 mol% TiO2 (same as eutectic composition of SrTiO3-TiO2) and 46% BaTiO3 - 54 
mol% TiO2 (eutectic composition of BaTiO3-TiO2). The films between ~40-150 nm were grown 
on (111)-oriented SrTiO3 substrates at growth temperature of 750°C, at laser fluence of 0.8-1.0 
J/cm
2
, laser repetition rate of 1 Hz, in an oxygen pressure of 100 mTorr, and for 2.5 hours of 
growth time. Following growth, films were cooled to room temperature in 760 mTorr of oxygen.  
For SrMnO3-MnO2 films, the starting powders of SrCO3 and Mn3O4 (Alfa Aesar) were 
weighed, mixed, ball-milled, and calcinated at 1000°C for 6 hours [187,188]; and ball-milled and 
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calcinated again to promote full chemical decomposition of SrCO3 powders.  Then, the powder is 
processed with remaining steps of hand-pressing, isotatic pressing, and sintering at 1150°C for 6 
hours. The composition of targets ranges from pure SrMnO3 (or 50 mol% SrO - 50 mol% MnO2), 
to 53 mol% MnO2 (47 mol% SrO), to 55 mol% MnO2 (45 mol% SrO), to 60 mol% MnO2 (40 
mol% SrO), to 70 mol% MnO2 (30 mol% SrO), to 79 mol% MnO2 (21 mol% SrO), to 82 mol% 
MnO2 (18 mol% SrO), to 85 mol% MnO2 (15 mol% SrO), and pure MnO2. Following the 
processing of composite targets, the films between ~40-100 nm were grown on (111)-oriented 
SrTiO3 substrates, at the growth temperature of 600-750°C, at laser fluence of 0.5-0.8 J/cm
2
, 
laser repetition rate of 1 Hz, in oxygen pressures of 100-200 mTorr, and for 2.5 hours of growth 
time. Following growth, films were cooled to room temperature in 760 mTorr of oxygen. 
The primary focus for this chapter is the SrTiO3-TiO2 system covered in Chapter 5.4-5.6 
and other materials systems including BaTiO3-TiO2 and SrMnO3-MnOx are briefly presented in 
Chapter 5.7. 
  
5.4 Evolution of Layered Structure in SrTiO3-TiO2 System 
5.4.1 Structure and Surface Analysis in Composition Studies 
 I begin with systematic composition studies of the SrTiO3-TiO2 system across the 
Fig. 5.1: Compositional studies on SrTiO3-TiO2 films grown on SrTiO3 (111) substrates. (a) Equilibrium eutectic 
phase diagram of SrO-TiO2 system (adapted from Ref. [160]). (b)-(c) XRD data of composite SrTiO3-TiO2 
systems with various compositions (mol% SrO: mol% TiO2). 2θ scans of 43:57, 33:67, 30:70, 25:75, 23:77, 21:79, 
17:83, 10:90, and 0:100 in (b) full 2θ range of 30-90° and (c) zoomed-in 2θ range of 37.5-41.5°. 
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eutectic point to investigate the phase evolution of the materials and to compare it with prior 
thermodynamic approaches. In the equilibrium phase diagram [160], the eutectic composition for 
the SrTiO3-TiO2 system is located at 21 mol% SrO - 79 mol% TiO2 [Fig. 5.1(a)]. Films of the 
SrTiO3-TiO2 system were grown on SrTiO3 (001), (110), and (111) substrates via PLD from 
targets of the following compositions (where the first and second numbers refer to the mole 
percentage of SrO and TiO2, respectively): 43:57, 33:67, 30:70, 25:75, 23:77, 21:79, 17:83, 
10:90, and 0:100. All films with various compositions grown epitaxially on SrTiO3 (111) 
substrates were characterized by XRD [Fig. 5.1(b)-(c)]. All hypo-eutectic composition films 
(SrO:TiO2 = 43:57, 33:67, 30:70, 25:75, 23:77) possess only a single set of peaks which shift to 
lower 2θ values (corresponding to slight increased out-of-plane lattice parameter) with 
decreasing intensities as the TiO2 content increases. In this composition range, no clear evidence 
of phase separation or multiple phases is observed. At the eutectic composition (SrO:TiO2 = 
21:79), the film peak has increased intensity with a much narrower FWHM. At the hyper-
eutectic compositions (SrO:TiO2 = 17:83 and 10:90), the film are decomposed into two phases: 1) 
anatase TiO2 (lower 2θ peak) and 2) expanded eutectic phase (higher 2θ peak). Finally, the films 
become (h00)-oriented rutile at 100 mol% TiO2. The formation of single peak in the hypo-
eutectic and eutecic compositions is very surprising in that the Ti-rich SrTiO3 phase does not 
decompose into two phases of SrTiO3 and TiO2 which one can expect from the equilibrium 
phase diagram.  
Fig. 5.2: AFM images of SrTiO3-TiO2 systems 
with various compositions (mol% SrO: mol% 
TiO2). (a)-(i) AFM images of (a) 43:57, (b) 
33:67, (c) 30:70, (d) 25:75, (e) 23:77, (f) 21:79, 
(g) 17:83, (h) 10:90, and (i) 0:100. (j) RMS 
roughness of these composite films. 
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Also, surface morphologies of the corresponding SrTiO3-TiO2 films were characterized 
by AFM [Fig. 5.2(a)-(i)]. No clear evidence for phase separation or the evolution of 
nanostructures was observed, but some slight changes in surface roughness are noted [Fig. 5.2 
(j)]. Root mean square (RMS) roughness of the films peaks at ~8 nm adjacent to the eutectic 
composition, but shows the lowest RMS roughness of ~0.5 nm at the eutectic composition. The 
hypoeutectic films (SrO:TiO2 = 43:57) which possess excess 33% Ti contents in SrTiO3 matrix, 
which is significant amount but still within the solubility limit of Ti, show no significant 
roughening, whereas other hypoeutectic films (SrO:TiO2 = 33:67, 30:70, 25:75, and 23:77) show 
increased surface roughening with increasing Ti fraction. The similar behavior is also observed 
in hypereutectic films (SrO:TiO2 = 17:83 and 10:90). These AFM and XRD results bring up the 
question as to why there is no phase separation occurred at the eutectic composition and if the 
composite films at the various compositions are the same in terms of structure. More detailed 
discussion on the structure is provided in Chapter 5.5 and its mechanism for layered structure 
formation is also discussed in Chapter 5.7. 
 
5.4.2 Atomic-scale Imaging in Composition Studies 
Only upon in-depth cross-sectional HAADF-STEM imaging of the atomic structure of 
the films did clear differences emerge [Fig. 5.3]. For brevity, I discuss only four representative 
film compositions (SrO:TiO2 = 43:57, 30:70, 21:79, and 10:90) chosen across the range of 
compositions studied. All HAADF-STEM images were taken near the film/substrate interface 
along the [1-10] zone axis [Fig. 5.3(a)-(d)] and along the [001] zone axis [Fig. 5.3(e)] in 
collaboration with N. Oh and A. Shah. First, for the case of 43 mol% SrO - 57 mol% TiO2 films, 
which is equivalent to 33% Ti-excess in SrTiO3, no secondary Ti-rich phases are found and it 
appears that the excess Ti is completely soluble in the SrTiO3 structure [Fig. 5.3(a)]. High 
solubility of Ti in SrTiO3 (likely as interstitials) has been reported previously [189], but not to 
this extent to my knowledge. Thus, it appears that the thin-film growth process does not follow 
the equilibrium phase diagram (which predicts the presence of two phases, TiO2 and SrTiO3). As 
the Ti-content is further increased to a composition of 30 mol% SrO - 70 mol% TiO2, which is 
equivalent to 138% Ti-excess in SrTiO3, the first evidence of extended two-dimensional defects 
(consistent with the formation of stacking faults and/or twin boundaries) are observed [Fig. 
5.3(b)]. This suggests that even at 138% Ti-excess, the majority of the excess Ti is 
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accommodated on the SrTiO3 lattice and not extended to Ti-rich secondary phases. Note also that 
the twin boundaries are found to be oriented parallel to {11-2} which results in a twinning of the 
film diffraction pattern. This twinned structure is visually observed in two distinct structural 
variants of a SrTiO3-like phase [labeled A and B, Fig. 5.3(b)]. Only when I reach the eutectic 
composition of 21 mol% SrO - 79 mol% TiO2, does the STEM imaging reveal the presence of a 
novel, layered phase with an out-of-plane periodicity of ~0.9 nm [Fig. 5.3(c)]. Such a layered 
phase was observed on (111)-oriented versions of (LaAlO3)0.3-(Sr2AlTaO6)0.7 (called as LSAT), 
LaAlO3, and Nb-doped SrTiO3 substrates, but not on (001)- and (110)-oriented substrates where 
complex and disordered structures are observed [Fig. 5.3(e)]. As we move on to explore hyper-
eutectic compositions, more complex nanostructures, characterized by three different regions, are 
observed [Fig. 5.2(d)]. The first area [labeled A, Fig. 5.3(d)] possesses a similar periodic layered 
structure to that observed in the eutectic composition films near the substrate-film interface. The 
second area [labeled B, Fig. 5.3(d)] possesses considerably darker contrast, consistent with local 
Ti-excess (or Sr-deficiency) and a columnar structure reminiscent of anatase TiO2 crystals that 
Fig. 5.3: STEM images of SrTiO3-TiO2 systems with various compositions. (a)-(d) STEM images of SrTiO3-TiO2 
films grown on SrTiO3 (111) substrates with various compositions: (a) hypo-eutectic composition of 43 mol% SrO 
- 57 mol% TiO2 corresponding to SrTi1.33Ox, (b) hypo-eutectic composition of 30 mol% SrO - 70 mol% TiO2 
corresponding to SrTi2.38O2, (c) eutectic composition of 21 mol% SrO - 79 mol% TiO2 corresponding to SrTi3.70Ox, 
SrTi3.70Ox, and (d) hyper-eutectic composition of 10 mol% SrO - 90 mol% TiO2 corresponding to SrTi9Ox.
 
(e) 
eutectic composition of 21 mol% SrO - 79 mol% TiO2 corresponding to SrTi3.70Ox grown on SrTiO3 (001) 
substrates. 
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grow out of the sample (also consistent with the observations from the XRD studies). Finally, the 
third area [labeled C, Fig. 5.3(d)] is sandwiched between the Ti-rich areas and possesses brighter 
contrast (consistent with the concentrated presence of Sr) and a SrTiO3-like structure. From this 
data, I hypothesize that the initial formation of the eutectic-like layered structure is driven by the 
epitaxial relationship in the sample to overcome the massive Ti-excess. Some of the excess Ti is 
likely incorporated into the layered structure to the extent it can be accommodated, with the 
excess segregating to the growth front until it reaches a critical amount (or relaxation of the 
epitaxial constraint occurs) when nucleation of bulk TiO2 structures occurs. During subsequent 
deposition, Ti is preferentially leached from the growing film to grow the TiO2 leaving behind a 
composition closer to SrTiO3 which grows between the TiO2 columnar structures. Additionally, 
when eutectic composition (21 mol% SrO - 79 mol% TiO2) films were grown on different 
orientations of substrates, for example SrTiO3 (001) [Fig. 5.3(e)], a complex and disordered 
distribution of what appears to be the RP phase Sr2TiO4 and anatase TiO2 is observed with an 
inhomogeneous distribution of Sr atoms across the film.  
 
5.5 Detailed Structural Analysis of Eutectic SrTiO3-TiO2 Layered Phase 
5.5.1 Determination of Lattice Parameters 
High-resolution HAADF-STEM imaging [Fig. 5.4(a)] and NAED pattern [Fig. 5.4(b)] 
were completed to assess the atomic structure of the layered phase in collaboration with N. Oh 
and A. Shah. Both the STEM imaging and the NAED patterns reveal a ~0.91 nm periodicity 
along the out-of-plane direction (~4 times longer than that of the SrTiO3 {111} d-spacing). 
Along the in-plane direction, first- and second-order diffraction peaks [Fig. 5.4(b)] reveal 
periodicities of ~4.87 Å  and ~2.43 Å  which correspond to Sr-Sr and Sr-O interatomic spacing, 
respectively. Comparison with the SrTiO3 substrate [inset, Fig. 5.4(a)-(b)] reveals that the novel, 
layered phase is composed of SrTiO3-like layers that are separated by a monolayer of 
periodically aligned Ti- and O-ions (which exhibit reduced Z-contrast and are consistent with the 
highly Ti-rich nature of the film composition).  
Average structural information about the novel, layered phase was obtained using on-axis 
(about the 222 diffraction peak of the substrate) and off-axis (about the 113 and 042 diffraction 
peaks of the substrate) X-ray RSM studies [Fig. 5.4(c)-(e)]. Here, I index the film assuming that 
the a, b, and c lattice parameters are parallel to the [11-2], [1-10], and [111] of the substrate, 
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respectively. The order of the diffraction condition is determined by comparison to the measured 
periodicities from the STEM imaging and NAED patterns. On-axis RSM studies [Fig. 5.4(c)] 
show the presence of a film peak (indexed as the 008 diffraction condition) which reveals an out-
of-plane lattice spacing c ≈ 0.915 nm (commensurate with the 0.91 nm obtained from the STEM 
and NAED analysis). Off-axis RSM studies about the 042 diffraction condition of the substrate 
[Fig. 5.4(d)] show the presence of a film peak indexed to be the 048 diffraction condition which 
enables calculation of the in-plane spacing b ≈ 0.569 nm (~3.1% expanded as compared to the 
substrate in the same direction). Off-axis RSM studies about the 113 diffraction condition of the 
Fig. 5.4: Structrual characterization of self-assembled, layered SrTiO3-TiO2 eutectic film. (a) Zoomed-in 
HAADF-STEM image with zone axis of [1-10] and (b) NAED pattern of the eutectic film. Inset figure of 
(a) is the SrTiO3 substrate STEM image and inset figure of (b) is the SrTiO3 substrate NAED pattern.  (c)-
(e) RSM studies about the (c) 222, (d) 042, and (e) 113 diffraction conditions of the substrate. (f) 𝜙-scans 
about the 042 and 208 diffraction conditions of the substrate and film, respectively, revealing a hexagon-
on-hexagon epitaxy (recall that the layers of SrTiO3 and TiO along [111] direction have hexagonal 
symmetry). 
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substrate [Fig. 5.4(e)] reveal the presence of a set of film peaks indexed to be the -407 and -406 
diffraction conditions which enables calculation of the in-plane lattice spacing a ≈ 0.987 nm 
(~3.1% expanded as compared to the substrate lattice spacing in the same direction). 𝜙-scans 
about the 042 and 048 diffraction conditions of the substrate and film [Fig. 5.4(f)], respectively, 
reveal the epitaxial relationship to be [100]f//[11-2]s and [010]f//[-110]s. From STEM images and 
NAED patterns, the out-of-plane [001]f is found to be tilted by ~10.2° from the [111]s (where f 
and s refer to film and substrate, respectively). In summary, the unit cell of the novel, layered 
phase is: a = 0.987 nm, b = 0.569 nm, c = 0.929 nm, 𝛼 = 𝛾 = 90°, and 𝛽 = 100.2°. Note that this 
unit cell corresponds to two formula units (i.e., Sr4Ti14O28) to fully encompass the complex 
symmetry of the system. 
 
5.5.2 Phase Determination of Sr2Ti7O14 
Armed with the lattice parameters and epitaxial relationships, it seems to be possible to 
construct the atomic structure; however, the STEM imaging does not reveal the density or exact 
make-up of atoms in those columns, but only provides a projection of the atomic columns. 
Therefore, there are a number of potential candidate structures consistent with the image and the 
Fig. 5.5: Atomic models of other candidate phases. (a)-(c) a single-unit-cell cartoon representation of (a) Sr2Ti5O12, 
(b) Sr2Ti6O13, and (c) Sr2Ti7O14. (d)-(f) a TiOx-layer cartoon of (d) Sr2Ti5O12, indicating only TiO5 pentahedra 
(similar to TiO6 with an oxygen vacancy), (e) Sr2Ti6O13, indicating four TiO5 pentahedra and two TiO6 octahedra 
bondings, and (f) Sr2Ti7O14, indicating only TiO6 octahedra. 
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disambiguation of the structure requires additional steps to consider. Note again that no Ti-rich 
SrTiO3 phases are reported within the vicinity of the eutectic composition in the equilibrium 
phase diagram. Although not reported on the equilibrium phase diagram, two Ti-rich phases have 
been reported in the literature: Sr2Ti5O12 [190] (corresponding to 29 mol% SrO - 71 mol% TiO2) 
and Sr2Ti6O13 [191] (corresponding to 25 mol% SrO - 75 mol% TiO2). Both phases are known to 
exist only as minor phases, are thought to be metastable at ambient conditions, and are off in 
composition (8 and 4 mol% deficient in TiO2, respectively) from the eutectic composition 
studied herein. Nonetheless, it is considered that these phases (or a phase possessing these 
nominal chemical formulas and a structure commensurate with that observed here) could be the 
novel, layered phase. With the difficulties of resolving the number of atoms in the depth of the 
HAADF-STEM image, the basic structural characteristics of the candidate phases (Sr2Ti5O12, 
Sr2Ti6O13, and Sr2Ti7O14) are considered such that they can be made to match the STEM image 
by simple changing the density of Ti ions in the TiOx layer. First, the Sr2Ti5O12 [Fig. 5.5(a) and 
(d)] phase is composed of the minimum number of Ti ions in the TiOx planes which is 
commensurate with the STEM images. This phase possesses TiO5 oxygen pentahedra (oxygen-
deficient version of TiO6 octahedra) with the least number of oxygen ions in the TiOx layers and 
requires only the presence of Ti
4+
 ions in the TiOx layers based on its stoichiometry. Based on 
the inconsistency that the TiO5 pentahedra necessitate the existence of lower valence states of 
Ti
2+
 or Ti
3+
 although the stoichiometry of Sr2Ti5O12 indicates the presence of only Ti
4+
, it is 
concluded that Sr2Ti5O12 is unlikely the phase of interest for our films. The second candidate 
phase is Sr2Ti6O13 [Fig. 5.5(b) and (e)] has an additional Ti- and O-ions decorating every other 
available site within the TiOx layer which 
leads to the mixture of TiO5 oxygen 
pentahedra as well as normal oxygen 
octahedra. As a result, this phase is 
composed of two Ti
4+
 ions for every one 
Ti
3+
 ion in the TiOx layer. This structure 
provides some features not typically 
observed in TiOx compounds (TiO5 oxygen 
pentahedra), but was considered as a 
potential candidate for the novel, layered Fig. 5.6: RBS data. Stoichiometry studies of the novel, 
layered eutectic films. 
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phase. Finally, the new phase Sr2Ti7O14 [Fig. 5.5(c) and (f)] was considered and it has a close-
packed configuration of Ti-O structural units in the TiOx layers with Ti-and O-ions fully 
occupying all available sites within the layer. This phase is composed of Ti
3+
 and Ti
4+
 valance 
states which populate corner-, edge-, and face-sharing oxygen octahedra variants, is the most 
close-packed compared to the other two candidate phases, and possess fully occupied oxygen 
sites which stabilize the formation of TiO6 octahedra. Although these considerations can give 
some hints on which structure/phase is more plausible, differentiation of the potential structures 
for the novel, layered phase was achieved by chemical analyses. To verify the stoichiometry of 
the films grown on SrTiO3 (111) substrates, I completed Rutherford backscattering spectroscopy 
(RBS) studies of the samples (ion energy of 2000 keV, incident angle α = 22.5°, exit angle β = 
52.5°, and a scattering angle θ = 150°). Fits for the data were completed using the built-in fitting 
program in the RBS analysis software SIMNRA. The SIMNRA data fitting program uses a 
Simplex algorithm for fitting [ 192 - 194 ]. The best fits obtained confirm the Sr:Ti cation 
stoichiometry of 1:1 for the single crystal SrTiO3 substrate. At the same time, they reveal a film 
compositon of with a Sr:Ti ratio of ~1:3.6 which, within the accuracy of RBS data (typically 1-
2%), matches well with the stoichiometry of the starting target with eutectic composition (Sr:Ti 
= 1:3.76) [Fig. 5.6]. Thus, from the atomic-level imaging, XRD, and chemical analyses, the 
novel, layered phase produced during the growth of the eutectic composition materials is 
determined to be a new phase – Sr2Ti7O14. The proposed unit cell for this new phase is 
highlighted by the presence of SrTiO3-like layers that are separated by TiOx inter-layers.  
 
5.5.3 Construction of Atomic Structure  
From the STEM imaging, it is possible to extract the atomic positions (of the cations) and 
to produce a model of the proposed structure of the novel, layered phase. Again, it is not possible 
to resolve all of the O-ions in the STEM images and thus an initial best guess, assuming that all 
Ti-O bonding should occur within octahedra (TiO6) and that all O-sites are fully occupied to both 
compensate charge and coordination, produced a good starting point. The atomic model of the 
novel, layered phase is constructed on the basis of both lattice parameters (measured from X-ray 
and NAED diffractions) and HAADF-STEM images. Additionally, the STEM images provide 
only a two-dimensional, projected image of the atomic structure of the cation sub-lattices with 
little information about the anion sub-lattices. A complete three-dimensional atomic model 
82 
 
including both the cations and the 
anions can be constructed 
consideration of the following 
assumptions: 1) O-ions can occupy 
any available oxygen sites to fulfill 
the requirement of the charge 
neutrality and coordination rules 
and 2) three sequentially face-
sharing TiO6 octahedra are not 
stable due to valence arguments. 
Here, the second assumption is 
valid considering that there are no 
reports about such close-packed 
octahedral bonding in any TixOy 
phases (TiO, anatase TiO2, rutile 
TiO2, brookite TiO2, Ti2O3, Ti3O5, 
magnéli Ti4O7, and  magnéli Ti5O9)
 
[195]. 
Based on these simple assumptions, I have constructed an atomic structure which 
matches with the HAADF-STEM image [Fig. 5.7(a)] and is composed only of Sr and Ti [Sr: 
green, Ti: blue, Fig. 5.7(b)]. The exact atomic distances between Sr-Ti and Ti-Ti atoms are 
extracted from the lattice parameters and NAED patterns. From there, O-ions (red) are added to 
all available sites to meet the above assumptions [Fig. 5.7(c)]. To begin, the O-ion positions are 
determined by assuming that all TiO6 octahedra are equivalent and that there is no distortion in 
TiO6 octahedra for simplicity. Ultimately, this assumption is found to be valid considering that 
the simulated diffraction pattern with this model does match with the experimental NAED 
pattern. These bonding rules and assumptions give rise to only one single solution for the atomic 
model which is represented [Fig. 5.7(c)]. Additionally, the Ti-O bonds present in the structure is 
represented for added insight into the nature of the structure [Figure S4(d)]. From here, a three-
dimensional model is created for the structure (prior to the full optimization and identification of 
subtle distortions using DFT) and that initial, experimentally-derived model is shown here [Fig. 
5.8(a)-(b)]. The initial structure nicely replicates the main features of the NAED pattern [Fig. 
Fig. 5.7: Atomic models of novel, layered eutectic films. (a) 
HAADF-STEM image [represented from Fig. 4.4(a)] of the novel, 
layered films. (b)-(d) atomic models representing Sr (green) and Ti 
(blue) atoms with (b) no oxygen atoms, (c) fully occupied oxygen 
atoms (red) in available oxygen sites, and (d) fully occupied oxygen 
atoms with Ti-O bondings (rod). 
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5.8(c)] and served as the starting point for the first-principles modeling assessment of the 
structure.  
It is noticeable that in the unit cell of this structure that there are three types of octahedral 
bonding including two corner-, four edge-, and eight face-sharing octahedra [Fig. 5.8(b)]. This 
specific complex and close-packed TiO6 octahedra arrangement is not reported in any published 
TiOx phase, but corner-, edge-, and face-sharing octahedra are all possible in TiOx systems. The 
appropriate charge balance of this structure could 
be achieved (theoretically, assuming nearly 
complete oxygenation) with three possible 
combinations of Ti
2+
:Ti
3+
:Ti
4+
 species occurring 
in ratios of 2:0:5, 1:2:4, and 0:4:3. Previous 
studies suggest that face-sharing octahedra in Ti-
based systems require the presence of Ti
3+
 [196] 
and since eight of the total 14 octahedra in the 
unit cell are face-sharing, it is expected that Ti
3+
 
must populate the majority of the Ti-sites, 
suggesting that the structure should possess a 
0:4:3 ratio of Ti
2+
:Ti
3+
:Ti
4+
. 
Fig. 5.8: Atomic model (non-relaxed, no DFT calculation involved) of self-assembled, layered SrTiO3-TiO2 
eutectic film. (a) Atomic cartoon picture of multi-cells drawn along [1-10] substrate direction. (b) Unitcell with 
various types of TiO6 octahedra bondings: corner-sharing type represented as blue octahedra, edge-sharing as 
violet, and face-sharing as cyon. (c) Simulated diffraction pattern overlaid on the top of NBD diffraction of the 
layered eutectic film. 
Fig. 5.9: EELS profile from novel, layered phase 
(orange) and SrTiO3 substrate (blue) revealing the 
presence of a mixture of Ti
3+
/Ti
4+
 in the former.  
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The average valence state of Ti in the novel, layered phase was probed via STEM-based 
EELS studies of the Ti-L2,3 and O-K edge spectra [Fig. 5.9]. A shift (to lower energies) and 
broadening of the Ti-L2,3 peaks is easily observed for the novel, layered phase as compared to the 
SrTiO3 substrate consistent with what has been observed in oxygen-deficient SrTiO3-δ [197] 
thereby confirming the presence of a mixed Ti
3+
/Ti
4+
 valence state. Note also that the intensity of 
the α peak from the O-K edge spectra is significantly diminished indicating that the Sr-O 
bonding contributes less to the spectra [198] which is, again, consistent with the novel, layered 
phase (especially the TiOx inter-layers) possessing less Sr-O bonding compared to SrTiO3.  
 
5.5.4 Relaxation of Atomic Structure 
Following the detailed structural and chemical data, the structure and stability of the 
Sr2Ti7O14 phase are further explored via DFT using hybrid functionals in collaboration with P. 
Gorai, N. Ferdous, and E. Ertekin. All the DFT calculations [199,200] presented in this work 
were carried out using the VASP package [201,202]. The projector augmented wave method 
[203] was used to describe the core electrons, a plane wave basis set with a kinetic energy cutoff 
of 450 eV to expand the wave functions, and the HSE06 range-separated hybrid approximation 
[204] to the exchange-correlation functional, and a gamma-centered k-grid. All structures were 
relaxed until residual forces were less than 0.02 eV/A on each atom.  
Fig. 5.10: Atomic models (Relaxed, DFT-optimized)  of novel, layered phase. Schematic illustrations of (a) 
multiple unit cells (along the [1-10]) and (b) a three-dimensional view of a single unit cell of the proposed 
(experimentially- and DFT-optimized) structure for Sr2Ti7O14 revealing the various types of TiO6 octahedra 
bonding including corner- (blue), edge-sharing (violet), and face-sharing (cyan). (c) Simulated diffraction pattern 
for the model structure overlaid on the top of the NAED diffraction pattern revealing excellent matching. 
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Considering the possibility of several charge states for the Ti ions within the structure, it 
is possible that the TiO6 octahedra may be susceptible to energetically-favorable internal 
distortions. Small perturbations of the TiO6 octahedra may not be resolvable via experiment 
alone and we used the DFT approaches to assess the lowest energy structure of the Sr2Ti7O14 
phase. The simulations reveal that the structure is locally stable, and confirm the presence of 
octahedral distortions, for which we find a large energy recovery of ~3.4 eV per unit cell in 
comparison to the undistorted structure. Several distinct distortions are present, corresponding to 
the various Ti
3+
 and Ti
4+
 environments for the octahedra. A schematic illustrating the lowest-
energy structure is provided [Fig. 5.10(a)-(b)]. From this experimentally- and DFT-optimized 
structure, it is possible to compare a simulated NAED pattern [wine dots, Fig. 5.10(c)] to the 
actual NAED pattern [white dots, Fig. 5.10(c)], as well as the experimentally observed atomic 
structure [Fig. 5.11(a)] to a simulated Z-contrast STEM image [Fig. 5.11(b)]. These comparisons 
show excellent and nearly ideal matching (including matched modulation of the intensity across 
the diffraction pattern); thereby confirming the extracted and optimized structure is 
representative of the real structure of the material.  
For further crystal structure analysis, all the atomic positions of the elements composing 
the relaxed Sr2Ti7O14 are listed [Table 5.1]. Note again that the actual unit cell required to 
encompass the symmetry of the system includes two of the functional units (i.e., the unit cell is 
for Sr4Ti14O28). The x, y, and z positions of each ion are expressed as a fraction of unit vectors of 
the unit cell with a = 9.87 Å , b = 5.69 Å , c = 9.29 Å, α = γ = 90°, and β = 100.2°.  
Overall, the formation of this novel, layered Sr2Ti7O14 phase arises from a combination of 
1) thin-film epitaxy and substrate 
orientation, 2) film composition, 
and 3) growth kinetics. Growth of 
films simultaneously on SrTiO3 
(001), (110), and (111) substrates 
reveals that only the (111)-oriented 
substrates give rise to the Sr2Ti7O14 
phase. This likely arises from the 
fact that the TiOx layers in the 
structure, which possess 6-fold 
Fig. 5.11: STEM image simulation. (a) Smoothed Z-constract STEM 
image of the novel layered phase [represented, Fig. 4.4(a)]. (b) 
Simulated Z-contrast STEM image of the same area of the novel 
layered phase confirming excellent matching of the extract structure. 
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symmetry, would be difficult to form on the 4-fold or 2-fold symmetric cubic and rectangular 
lattices of (001)- and (110)-oriented substrates. Second, the film composition is found to be 
important since only ~3 mol% deviation in TiO2 composition can destroy the phase [Fig. 5.1 and 
5.3]. Finally, the degree of order in the Sr2Ti7O14 increases as the growth rate is reduced 
suggesting that the formation of the phase requires sufficient time for the diffusion or 
rearrangement of the constituent ions. 
 
5.6 Physical Properties and Analysis of Sr2Ti7O14  
5.6.1 Calculation of Electronic Structure 
Having established the structure, I proceeded to explore the electronic structure and 
physical properties of the Sr2Ti7O14 phase including optical absorption, dielectric permittivity 
and loss, thermal conductivity, and magnetism. Again, due to the presence of mixed valence 
cations [Ti
3+
 (3d
1
) and Ti
4+
 (3d
0
)], special attention was given to probing the electronic structure 
Table 5.1: Atomic positions as extracted from the STEM images (for the cations) and based on the evolved, 
lowest energy structure from the DFT calculations. All positions are reported as a fraction of the a, b, and c lattice 
parameters. 
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and potential for spin ordering. In structures with face-, edge-, and corner-sharing octahedra, 
superexchange and direct exchange mechanisms compete with each other and the prevailing spin 
configuration is determined by a competition between different exchange interactions that are 
affected by electron occupancy of orbitals, bond angles, and cation-cation separation [205-207. 
From inspection of the crystal structure, two spin configurations are possible. In the first, direct 
exchange interactions within both pairs of Ti ions participating in face-sharing octahedra drive 
localization of the excess electrons. In this configuration, a direct exchange interaction J is 
expected to be large within a pair of face-sharing octahedra, but weaker from one pair to the next. 
In the second, the Ti ions (in the TiOx plane) participating in edge-sharing octahedra carry the 
excess electrons and superexchange mechanisms support a two-dimensional ordered spin 
configuration. 
Conventional DFT simulations [208] predict that the structure is non-spin polarized and, 
although there is a large gap between the nominal valence and conduction bands, the Fermi level 
is located above the conduction band edge and the system is predicted to be metallic (which it is 
not). Additionally, rather than distinct Ti
3+
 and Ti
4+
 ions, the extra electrons are shared equally 
amongst all Ti ions (in the TiOx plane) in a metallic state. Moving to more accurate hybrid DFT 
Fig. 5.12: Spin configuration, orbital charge density, and electronic DOS of novel layered phase. Schematic 
illustrate of (a) the proposed spin configuration in which the edge-sharing, planar TiO6 octahedra exhibit a 3d
1
 
electron valence and a checkerboard antiferromagnetic spin configuration and (b) the charge density of the orbitals 
corresponding to this configuration according to hybrid DFT calculations, showing the occupation of orbitals to 
minimize electron overlap. (c) Corresponding electronic DOS for the system. 
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calculations, which allow us to assess the possibility of charge and spin ordering, we predict an 
antiferromagnetic checkerboard-like spin configuration, in which the excess electrons are 
localized on the Ti ions within the TiOx plane [Fig. 5.12(a)]. Examination of the distribution of 
up- and down-spin electron density within the TiOx plane [Fig. 5.12(b)] shows the nature of the 
antiferromagnetic order and how the oxygen ions along the octahedral shared edges mediate the 
antiferromagnetic Ti configuration via superexchange, indicating that the second scenario 
considered above prevails. It should also be noted, that the spin-down electron distributions are 
observed to extend asymmetrically out of the plane towards the neighboring Ti atoms across the 
shared octahedral face, suggesting that mild elements of the first scenario (a ferromagnetic 
coupling across face sharing octahedra due to direct exchange) are also present, but weaker than 
the antiferromagnetic order within the plane. Finally, the electronic DOS [Fig. 5.12(c)] reveals 
three distinct sets of states are present in the vicinity of the Fermi energy. The lower set of states 
(nominally the valence band), exhibits an oxygen 2p character while the intermediate and upper 
(nominally conduction band) exhibit a Ti 3d character. These states are highly localized to the 
edge-sharing Ti atoms in the TiOx plane and likely are states offset from the conduction bands, 
stabilized in part by exchange interactions leading to the antiferromagnetic configuration [209]. 
The primary gap is calculated to be 3.7-3.8 eV. 
 
5.6.2 Experimental Optical/Dielectric/Thermal Properties 
Subsequent experimental study confirms many of these observations. Magnetic 
measurements of the sample cooled from 550K in a magnetic field and in zero field reveal no 
ferromagnetic ordering either in- or out-of-the-plane of the film from 4K to 550K, but a broad 
peak in the magnetic susceptibility was observed in both field-cooled and zero-field-cooled 
measurements around 400K which could be indicative of antiferromagnetic ordering in the 
material and is consistent with the predictions of antiferromagnetic order from the hybrid DFT 
studies. Transmittance and reflectance studies of Sr2Ti7O14 films grown on LaAlO3 (111) 
substrates also confirm the predictions of the hybrid DFT studies. A linear fit of 𝛼ℎ𝜐2 (where 𝛼 
is the absorption coefficient, ℎ is Planck constant, and 𝜐 is the frequency of photon) as a function 
of the photon energy (ℎ𝜐) [Fig. 5.13(a)] reveals a direct band gap for Sr2Ti7O14 of ~3.87 eV. The 
decreased transmittance in the layered film between 360-660 nm is due to the LaAlO3 substrate 
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with complex twin structures which reflect the visible light diffusively and decrease the 
transmittance. 
Likewise, probes of electronic conduction reveal a highly insulating material (albeit with 
some anisotropy). When measured in the out-of-plane geometry, 100 nm thick films revealed 
low leakage current densities of < 0.01 µA/cm
2
 even under applied electric fields in excess of 
200 kV/cm while measurements in the in-plane geometry revealed leakage currents at least 10
2 
times larger, but still indicative of an insulating material. Such observations are consistent with 
what might be expected based on the highly anisotropic structure which could limit conduction 
out-of-the-plane of the film and based on what has been observed mixed Ti
3+
/Ti
4+
 TiOx 
compounds where the conductivity can be larger than in purely Ti
4+
 systems [210]. 
Subsequent probes of the out-of-plane dielectric permittivity (ε𝑟) and loss tangent (tan 𝛿) 
of Sr2Ti7O14/Nb-doped SrTiO3 (111) heterostructures at room temperature as a function of 
frequency have also been completed [Fig. 5.13(b)]. The ε𝑟 of the Sr2Ti7O14 films was found to be 
essentially frequency-independent with a value of 48 with low loss tangents (0.002 at 10 kHz). 
This low dielectric permittivity may be expected considering the layered structure as a series of 
Fig. 5.13: Optical, dielectric, and thermal properties 
of the novel, layered phase. (a) The dependence of 
α ℎ𝑣2  on photon energy ( ℎ𝑣 ) and (inset) 
transmittance of the Sr2Ti7O14 phase. (b) Dielectric 
permittivity (ε𝑟 ) and loss tangent (tan 𝛿 ) of the 
Sr2Ti7O14 phase measured at 10 mV of ac voltage 
bias with no DC bias as a function of frequency. (c) 
Thermal conductivity (κ) (top) and speed of sound 
(υ) for SrTiO3, TiO2, and Sr2Ti7O14 as measured by 
TDTR. 
90 
 
dielectric layers composed of SrTiO3-like 
layers (ε𝑟  ≈ 300) and layers of face-sharing 
octahedra TiOx layers (which are structurally 
similar to Ti2O3 which has a ε𝑟 ≈ 45) [211]. 
Lastly, the thermal conductivity (κ) of 
the novel, layered films was measured in the 
film-normal direction by time-domain 
thermoreflectance (TDTR) [Fig. 5.13(c) and 
Fig. 5.14] [ 212]. For these studies, 50 nm 
thick aluminum thin films were deposited as a 
thermal absorption layer on the top of the 
sample by sputtering. During the measurements, the sample is heated up by a pump laser beam 
which causes localized heating of the sample surface and subsequent changes of acoustic strain 
and the reflectance of the pumped area. Then, a probe beam is used to measure the reflectivity 
change with respect to time. The data received is then fitted to a model to extract the κ and υ 
values of the sample with known parameters including thicknesses and heat capacity of the film 
and substrate. From the TDTR measurements, the thermal conductivity of the novel, layered 
films shows a significantly lower value of κ ≈ 1.3 W/m-K compared to the parent phases which 
range between 8.8-11.2 W/m-K [213,214] whereas the speed of sound (υ) of the layered film 
remains essential the same as the parent phases. Previously, low κ  has been observed in 
artificially synthesized SrTiO3-superlattice systems (κ ≥ 2.8 W/m-K for (SrTiO3)m/(CaTiO3)n and 
κ ≥ 1.8 W/m-K for (SrTiO3)m/(BaTiO3)n superlattices) [215]
 
in Srn+1TinO3n+1 RP-phases (κ ≥ 4.5 
W/m-K) [216], but not as low as that observed in this novel self-assembled, layered phase. I 
hypothesize that the glass-like thermal conductivity arises from two main contributions: 1) 
significant interfacial phonon scattering at the interfaces between SrTiO3-like and TiOx layers 
and 2) a low contribution of electronic thermal conductivity from low free electron concentration. 
This is not surprising considering that the novel, layered structure has a periodic spacing of 0.91 
nm in the out-of-plane direction and that the electrical conductivity is extremely low as observed 
from the leakage experiment. This approach to synthesize the self-assembled, layered structure in 
sub-unit cell scale will open up many opportunities for low thermal transport applications.  
 
Fig. 5.14: TDTR raw data. Raw voltage data collected 
as a function of time delay for the study of the Sr2Ti7O14 
film. 
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5.7 Analogous Eutectic Systems: BaTiO3-TiO2 and SrMnO3-MnOx 
The observation of the formation of the novel, layered structure in SrTiO3-TiO2 system at 
its eutectic point begs the question of whether this phenomenon of layered formation at the 
eutectic point can be generalized and whether the spacing between layers can be tuned in 
different material systems. To answer these questions, I proceeded to search for eutectic material 
systems of different elements with the same crystal structure and symmetry: perovskite ABO3 
and binary rutile BO2. Among numerous element candidates available in periodic table, I chose 1) 
BaTiO3-TiO2 for A-site replacement with Ba and 2) SrMnO3-MnO2 for B-site replacement with 
Mn considering that both material system possesses eutectic points but at different compositions 
and temperatures (31.5 mol% BaO - 68.5 mol% TiO2 at 1332°C [217]; and 16.4 mol% SrO - 
83.6 mol% MnO2  at 1440.5°C [218]). The variance of eutectic composition in different element 
system will answer these questions and guide one to understand the mechanism of layered 
structure formation in perovskite-based eutectic systems. 
 
5.7.1 BaTiO3-TiO2 System 
For brevity, I focus on only two compositional studies for BaTiO3-TiO2 system: one is at 
the eutectic point of BaO-TiO2 system (31.5 mol% BaO - 68.5 mol% TiO2) and another is at the 
eutectic point of SrTiO3-TiO2 system (27 mol% BaO - 73 mol% TiO2). These two composition 
studies will answer the question 
of whether the layered structure 
formation is originated from 
eutectic phase separation or just 
a coincidence in composition. 
For the studies, BaTiO3-TiO2 
films between ~40-150 nm were 
grown on SrTiO3 (111) 
substrates by PLD from single 
composite targets (details of 
growth conditions and target 
processes are provided in 
Chapter 5.3).  
Fig. 5.15: XRD data and AFM images of compositions (mol% BaO: 
mol% TiO2). 2θ scans of (a) 31.5:68.5 and (b) 27:73. Surface 
morphologies of (a) 31.5:68.5 and (b) 27:73. 
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I begin with basic structural information obtained from XRD 2θ scans [Fig. 5.15(a)-(b)] 
and surface morphology images gathered from AFM studies [Fig. 5.15(c)-(d)] on these films. At 
the eutectic point of BaTiO3-TiO2 (31.5 mol% BaO - 68.5 mol% TiO2), it is clearly seen that a 
phase separation occurs and two phases form. The phase with a smaller 2θ peak (larger out-of-
plane lattice spacing) is found to be BaTiO3 phase, and the phase (blue starred peak, unknown 
phase) with the larger 2θ peak is found not to match with any reported Ba-Ti-O phases as well as 
BaxOy and TixOy phases. This is surprising, but I suspect that the discrepancy might be due to the 
strain effect between the two phases, cation interstitials (i.e., Ti) in the mixed phases, and/or the 
existence of many homologous series in Ba-Ti-O systems. Even though it is quite difficult to 
identify the unknown phase just from the 2θ diffraction peaks, I found from this study that the 
single layered phase does not form at the eutectic composition of BaTiO3-TiO2 as we have seen 
in the SrTiO3-TiO2 system, Chapter 5.4-5.6. 
At the eutectic composition of SrTiO3-TiO2 (27 mol% BaTiO3-73 mol% TiO2), however, 
I observe only a single peak which is not matched with any other reports in these material 
systems [Fig. 5.15(b)]. Recall from Chapter 5.4 that we have observed a single set of unknown 
peaks as well as smooth AFM surface morphologies from the SrTiO3-TiO2 compositional studies 
and that the unknown phase was found to be a novel, layered phase of Sr2Ti7O14. This naturally 
guides us to perform the atomic-scale imaging of the 27 mol% BaTiO3 - 73 mol% TiO2 films 
Fig. 5.16: TEM imaging and SAED patterns. (a) Zoomed-in HR-TEM image taken at film only and (inset) 
film/substrate together to show the area of SAED taken. SAED patterns taken at (b) substrate, (b) film, (d) 
film/substrate interface, and (e) zoomed-in pattern of (d). 
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with HR-TEM imaging and SAED [Fig. 5.16]. From the HR-TEM image [Fig. 5.16(a)], it is 
clearly shown that the 27 mol% BaTiO3 - 73 mol% TiO2 films form the layered structure along 
the direction normal to the growth plane, with no impurity or secondary phases. In order to get 
more structure information, local-area SAED patterns were taken from substrate, film, and 
film/substrate interface [Fig. 5.16(b)-(e)]. The film possesses highly-ordered, superlattice-like 
peaks along the (111) orientation of SrTiO3 substrate and an epitaxial relationship with SrTiO3 
substrate. Different from the SrTiO3-TiO2 system, the layered phase in BaTiO3-TiO2 possesses 
first [main bright peaks, Fig. 5.16(e)] and the second order peaks [low intensity peaks between 
main diffraction peaks, Fig. 5.16(e)] along the out-of-plane direction. The first ordered peaks 
correspond to the interlayer spacing of 6.76 Å , and the second order peaks to the distance of 20.3 
Å . This indicates that a set of layers with a periodicity of 6.76 Å  is stacked in a certain way and 
form three layers which generate the high-ordered peaks. Even along the [001] direction of the 
SrTiO3 substrate, the highly ordered peaks are also present with periodicity of 5.03 Å  (weak 
diffraction, second ordered peaks) and 1.67 Å  (strong diffraction, first ordered peaks). Due to the 
complexity of the structure, atomic-scale HR-STEM imaging is taken for further structural 
analysis [Fig. 5.17]. The layered phase is found to be composed of a monolayer of high Z-
number atoms (Ba) and three layers of low Z-number atoms (Ti). Oxygen atoms are not seen in 
this HAADF-STEM image but are expected to be located between Ti-Ti, Ba-Ba, and Ti-Ba 
atoms. Instead of having two layers of SrO as in SrTiO3-TiO2 system, the BaTiO3-TiO2 layered 
phase possesses only a single layer of BaO with 
twice higher atomic densities in A-site. For 
example, the Ba-Ba projection distance is only 
half the distance between Sr-Sr in SrTiO3-TiO2 
system. This is very surprising considering the 
~13% larger ionic radius of Ba
2+
 as compared to 
that of Sr
2+
. It seems that the Ba-O bonding in 
BaTiO3 system is more adjustable such that more 
Ba-ions can be squeezed into a monolayer of BaO 
(rock salt) which is twice the atomic density in the 
A-site compared to that of Sr-ions in the SrO 
plane of perovskite SrTiO3. The flexible Ba-O Fig. 5.17: HAADF-STEM image of layered phase 
in BaTiO3-TiO2 system. 
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bonding is also explained by the presence of numerous line compounds in Ti-rich BaTiO3-TiO2 
system as compared to the lack of Ti-rich phases in the SrTiO3-TiO2 system.  
From these preliminary studies on BaTiO3-TiO2 system, I found several important facts 
crucial to understand and design layered structures in ABO3-BO2 perovskite-binary systems: 1) 
the formation of layered structure is not governed by bulk eutectic phase separation, but by 
specific composition and substrate epitaxy and 2) replacement of a single element in the system 
does not guarantee the same structure or symmetry (each cation has its unique stable bonding 
length/angle and strength with anion and can generate different type of structure).  
 
5.7.2 SrMnO3-MnOx System 
In this regard, I proceeded to study another ABO3-BO2 system with B-site replacement 
with Mn but with a consistent A-site of Sr. Mn was selected among many transition-metal 
elements that can have 4+ valence state like Ti
4+
 ions in SrTiO3, and also by considering 
important factors: 1) the ratio between A-site cation and B-site cation radius, A
2+
/B
4+
, 2) the ratio 
between B-site cation and anion (oxygen) radius, B
4+
/O
2-
, and 3) the bonding length between B-
site cation and oxygen. Based on these considerations, Mn was selected to be the most similar 
element to Ti in terms of ionic size, bonding length, and stable octahedral formation.     
Fig. 5.18: Compositional studies on SrMnO3-MnOx films grown on SrTiO3 (111) substrates. (a) Equilibrium 
eutectic phase diagram of SrO-MnOx system (adapted from Ref. [218]). (b)-(c) XRD data of composite SrMnO3- 
MnOx systems with various compositions (mol% SrO: mol% MnOx). 2θ scans of 43:57, 33:67, 30:70, 25:75, 
23:77, 21:79, 17:83, 10:90, and 0:100 in (b) full 2θ range of 30-90° and (c) zoomed-in 2θ range of 75-90°. 
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In order to examine the effect of replacing the B-site element, I explored various 
compositions in SrMnO3-MnOx system across its eutectic point, with the molar ratio (mol% SrO: 
mol% MnO2) of 50:50, 47:53, 45:55, 40:60, 30:70, 21:79, 18:82, 15:85, and 0:100 [Fig. 5.18]. 
These composition choices were made to map out the phases across the phase diagram [Fig. 
5.18(a)] [218]. Different from what we observed in compositional studies [Fig. 5.1] where only a 
single phase peak evolves across a wide range of compositions, it is clearly shown that the phase 
separation occurs from 45:55 to 18:82 (mol% SrO: mol% MnO2). It is noticeable that the 
stabilization of the layered phase by non-equilibrium growth techniques did not occur in this 
system. However, there are still noticeable features in this system: 1) The 4H-SrMnO3 phase 
does not evolve as a separate phase until ~20 mol% of SrO is doped into the Mn3O4 phase, 
whereas Mn3O4 phase evolve only with ~5-10% of Mn doping into SrMnO3 phase, 2) ~3% Mn-
doping into the 6H-SrMnO3 phase cause the stabilization of 4H-SrMnO3 phase (which is 
surprising considering that 4H-SrMnO3 is the stable phase in bulk and 6H-SrMnO3 is meta-stable 
phase only at high pressure and high temperature conditions [219]), and 3) eutectic point again 
has no significant role in phase separation.  
Another significant difference in the SrMnO3-MnOx system compared to SrTiO3-TiO2 is 
shown through AFM studies [Fig. 5.19]. The surface roughness increases with increased Mn 
doping into the SrMnO3 phase and peaks at ~8 nm adjacent to the eutectic composition. This 
result is different from the composition studies in SrTiO3-TiO2, where the films have lowest 
Fig. 5.19: AFM images of SrMnO3-MnOx 
systems with various compositions (mol% SrO: 
mol% MnO2). (a)-(i) AFM images of (a) 50:50, 
(b) 47:53, (c) 45:55, (d) 40:60, (e) 30:70, (f) 
21:79, (g) 18:82, (h) 15:85, and (i) 0:100. (j) 
RMS roughness of these composite films. 
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RMS roughness of ~0.5 nm at the eutectic composition. When the excess Mn is within the 
solubility limit of SrMnO3 [47:53 and 45:55 (mol% SrO : mol% MnOx), Fig. 5.19 (b)-(c)], no 
significant surface roughening occurs. When the Mn composition is above the solubility limit but 
below the eutectic composition [40:60, 30:70, and 21:79 (mol% SrO : mol% MnOx), Fig. 5.19 
(d)-(f)], the surface roughness of films gradually increases with excess Mn doping. At and above 
the eutectic point, however, a clear bulk phase separation occurs, which results in the highest 
RMS roughness as well as two distinct regions in the surface morphology: protruding islands 
(white dots) against a smooth background [Fig. 5.19(g)-(h)]. Then, the film becomes smooth in 
the pure Mn3O4 phase [Fig. 5.19(i)].  
To further understand this phase separation, I performed HAADF-STEM imaging on the 
phase-separated sample [Fig.5.19(h)] with the composition of 15 mol% SrO : 85mol% MnOx. As 
indicated by the AFM studies, two distinct regions are observed in the STEM image [Fig. 
5.20(a)]: one is the smooth background which is dark in contrast and comprises the majority of 
the sample, and the second are the protruding islands which are bright and comprise only small 
regions of the sample. From the combined analysis of the STEM Z-contrast images and the XRD 
data, it is clear that the protruding island phase corresponds to SrMnO3 and the background 
phase corresponds to Mn3O4. Note that the high Z-number element (Sr) in this sample generates 
Fig. 5.20: HAADF STEM images of SrMnO3-MnOx films grown on SrTiO3 (111) substrates with a composition 
of 15 mol% SrO - 85 mol% MnOx. (a) Low magnification image at the boudnary of phase separation. Zoomed-in 
images of (b) SrMnO3 phase (note 4H- and 6H-SrMnO3 mixed phases), and (c) Mn3O4 phase. The highlighted area 
of (b) corresponds to 6H-SrMnO3 and the rest of the area is 4H-SrMnO3. The zig-zag arrows clearly show the 
location of 6H-SrMnO3. 
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bright contrast in HAADF-STEM image. Further magnified images were also taken in each area 
[Fig. 5.20(b)-(c)]. Interesting mirror planes are found in the SrMnO3 Phase, but this is not 
surprising considering that the SrMnO3 phase itself contains mirror planes within the unitcell. 
However, it is noticeable that there exist two different SrMnO3 phases within the SrMnO3 region: 
4H- and 6H-SrMnO3. (Here, the H- means that the phase is composed of hexagonal layers and 
the integer number indicates the number of MnO6 octahedral layers within the unitcell). It is 
obvious that more 6H-SrMnO3 phase exists near the film/substrate interface, but transitions to 
the 4H-SrMnO3 phase with increasing distance from the interface. This may be due to the local 
strain relaxation in the composite films. Note again that the 6H-SrMnO3 phase is known to be 
meta-stable only under high-pressure and high-temperature conditions, whereas 4H-SrMnO3 is 
one of the stable phases existing with a cubic-SrMnO3 phase. I hypothesize that the Mn3O4 phase 
or extra Mn interstitials in the composite films cause local chemical pressure to the SrMnO3 
phase and stabilize the high-pressure stable phase near the film/substrate interface. The 
protruding features near the film surface also indicate the gradual strain relaxation across film 
thickness.  
With a series analysis of phase separation in the SrMnO3-MnOx system, I conclude that 
the B-site replacement in ABO3-BO2 system does not guarantee the formation of a layered 
structure in any composition regions across the phase diagram. This is probably due to the fact 
that the SrMnO3 phase can be stabilized into a hexagonal lattice to accommodate the strain from 
the substrate by forming alternating 4H- and 6H-SrMnO3 phases. Instead of forming MnOx inter-
layers between SrMnO3 layers for the formation of layered structure, it seems that it is more 
energetically favorable to from separate Mn3O4 islands which leach out from the SrMnO3 phase. 
This is supported by the low Mn solubility (~5-10%) in SrMnO3 phase as seen in the 
composition studies above. (Recall that the Ti solubility in SrTiO3 was more than 138%). 
However, the low solubility of Mn in SrMnO3 is not clear considering that the ionic radius of 
Mn
4+
 (53 pm) is smaller than that of Ti
4+
 (60.5 pm). Thus, more studies in this system are needed 
to further understand the phase separation mechanism and find a way to stabilize the layered 
structure. 
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5.8 Conclusions 
In conclusion, I have presented a new route to synthesize a self-assembled, new state of 
matter in perovskite-binary oxide systems (ABO3-BO2) and also discussed its formation 
mechanisms. In the SrTiO3-TiO2 system, I found that a new phase is formed as a layered 
structure in the B-site rich composition of 21 mol% SrO - 89 mol% TiO2 which results in a phase 
nominally identified as Sr2Ti7O14. The stabilization of the layered structure in the SrTiO3-TiO2 
system was possible with a combination of non-equilibrium growth techniques, thin-film epitaxy, 
and a system with an innate chemical instability. I also found that this novel, layered phase is 
realized only when growth takes place on (111)-oriented perovskite substrates, and when the 
kinetics of the system are appropriately controlled. In-depth X-ray and electron diffraction 
studies and imaging have allowed for the precise identification of the structure and unit cell of 
the phase. Subsequent chemical and spectroscopic studies were used to confirm these results. 
The Sr2Ti7O14 phase possesses properties which are distinctly different from those of the parent 
SrTiO3 and TiO2 phases including a larger optical band gap of 3.87 eV, reduced dielectric 
constant of 48, low dielectric loss, and a glass-like thermal conductivity of 1.3 W/m-K. This 
well-controlled approach to synthesize the layered structure was also applied to other similar 
material systems including BaTiO3-TiO2 and SrMnO3-MnOx. From these studies, a new layered 
structure was found only in the BaTiO3-TiO2 system at a composition of 21 mol% BaO - 89 mol% 
TiO2 with a monolayer of rock salt BaO between three TiOx layers. It was found from this study 
that eutectic point of the system does not necessarily give rise to the formation of a layered 
structure. From the SrMnO3-MnOx studies, the novel layered structure is not formed and bulk 
phase separation occurs to accommodate the strain from the substrate. Although further study is 
necessary for full knowledge and design of a new type of layered structure in these systems, my 
unique approach to the formation of high-ordered layered materials represents a new modality to 
achieve novel states of matter in other systems possessing similar chemical instabilities and can 
provide new insights into the design of hierarchical structures by self-assembly.  
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CHAPTER 6 
SUMMARY OF FINDINGS AND SUGGESTIONS FOR 
FUTURE WORK 
 
In this chapter, I summarize and highlight major findings and contributions of the present 
dissertation work to the oxide semiconductor field for energy applications, and propose potential 
future works to further advance the field and overcome major challenges associated with prior 
approaches. 
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6.1 Summary of Findings 
6.1.1 Summary of Findings in Chapter 3  
In this chapter, I introduced the ability to deterministically control the shapes and surface 
orientations of Cu2O nanostructures by utilizing thin-film epitaxy and non-equilibrium growth 
techniques. This was followed by scanning probe-based, surface potential measurements where I 
directly measured two-dimensional surface potential (related with Fermi energy) maps from 
individual nanostructures and facets. My approach to the synthesis of oxide semiconductor 
nanostructures provided advances as follows. 
First, I presented a simple but effective way of controlling various types of oxide 
semiconductor nanostructures by employing hetero-epitaxy via the substrate, which lays the 
groundwork for one to study surface properties of nanostructures. Previous chemical synthetic 
approaches have enabled the growth of various types of nanostructures but have shown 
difficulties in examining individual nanocrystals. Previous physical vapor deposition approaches 
also have grown nanocrystals but not been very successful to tune and synthesize various types 
of nanostructures. In this regard, my approach provides an excellent cornerstone for one to probe 
the various types of surface properties of nanostructures, which govern the output performance 
or properties of the overall nanocrystals. I also have provided a route to control the shape and 
orientation within a given substrate orientation by turning the growth parameters (i.e., laser 
fluence) which directs the nucleation and growth dynamics of nanostructures. 
Second, I demonstrated a systematic utilization of KPFM techniques from which two-
dimensional surface potential maps of electronic surface junctions were obtained. So far, KPFM 
techniques have proven to be difficult in quantitatively determining the Fermi energy state of 
nanostructures, as the data can be convoluted with the information about the surface potential, 
trapped surface charges, and measurement artifacts. Despite these challenges, I provided reliable 
characterization of the Fermi energy state of nanostructures with careful sets of experiments 
where I utilized a range of reference samples, worked carefully to cross-correlate the data from 
KPFM with previously measured work functions, and checked the tip conditions with reference 
samples from scan to scan. With two metal-coated tips with two different work functions of 
metals, I could easily monitor the tip condition even during scanning. 
Lastly, I provided a concept of surface homo-junction, where one can expect spontaneous 
charge carrier separation across the surface facets. This approach is expected to be particularly 
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useful for oxide semiconductors which are difficult to dope and change the carrier type, or have 
shown diminished properties with doping. Within a single oxide semiconductor, different surface 
orientations possess different Fermi states, which can drive and separate excited charge carriers 
effectively in solar energy applications. 
 
6.1.2 Summary of Findings in Chapter 4 
In this chapter, I explored a new pathway of utilizing visible light in oxide 
semiconductors by using correlated metallic oxides as active light-absorbers. By employing 
heterojunctions with a wide band gap semiconductor TiO2, I have demonstrated that hot carriers 
can be used to generate photocurrents in metallic oxides. These photocurrents give rise to visible 
light activities of more than an order of magnitude greater than those of reference samples, TiO2 
or Degussa P25. This approach has furthered the photovoltaic and photocatalytic community 
through the following contributions. 
First, I demonstrated that hot carriers, which have been proposed as a pathway to enhance 
the overall efficiency of solar energy systems, drive the visible-light-active photocatalytic 
devices. Despite their predicted success, hot carriers were rarely demonstrated in practical 
devices. In the present work, I have shown the utilization of hot carriers to enhance the overall 
efficiency of photocatalytic devices. 
Second, I presented a wide range of correlated metallic oxides, including La0.7Sr0.3MnO3, 
La0.5Sr0.5CoO3, SrVO3, SrRuO3, and LaNiO3, which can all potentially be utilized in other 
energy applications. By investigating various devices with the analysis of band diagram, I 
prioritized key parameters that need to be considered in the design of effective metallic-oxide-
based devices for solar energy applications. The ideal device structure was found to be the one 
possessing both high light absorption and high built-in field. Typically, the high built-in field is 
related with high barrier height at the metallic-oxide/TiO2 interface, which, in principle, would 
decrease the probability of charge injection rate; however, I have seen a net increase in effect 
even with a barrier height of 1.3 eV. Regardless of the majority carrier type in the metallic 
oxides, I have found that all devices function by hot electrons that are exited in metallic oxides 
region and then transported into TiO2. This is rather surprising considering that some metallic 
oxides such as La0.7Sr0.3MnO3 and La0.5Sr0.5CoO3 are characterized by holes as majority carriers. 
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Lastly, I examined the thickness effect of metallic oxides in photocatalytic device 
performance and found greatly enhanced activities in ultra-thin SrRuO3 films. This was 
unexpected, as thinner SrRuO3 absorbs less visible light and generates fewer excited carriers. 
However, I found that the device function relies only on the hot carriers generated near the 
metallic oxide/TiO2 interface, where the most excited carriers have high chance of injection into 
the TiO2 layer. The higher activity was also explained by quantization effects in the electronic 
structure of SrRuO3, which was probed by optical conductivity measurements. In ultra-thin films 
of SrRuO3 (5-10nm), sub-bands become narrowed and separated above 𝐸𝐹, and I hypothesize 
that this localization subsequently results in longer lived excited carriers and more efficient 
carrier injection.   
   
6.1.3 Summary of Findings in Chapter 5 
In this chapter, I have investigated a new self-assembly route to synthesizing a multi-
layered structure that can potentially interact with incident light. It was subsequently found that 
this layered structure was, in fact, a new layered phase. Although I have shown a proof of 
concept in the synthesis route to a layered structure with ~1 nm layer spacing, I expect this 
approach to be versatile in controlling other B-site-rich perovskite material systems and to 
generate structures that can effectively interact with visible light spectrum via large layer spacing. 
The summarized findings from this self-assembly approach is as follows.  
First, I introduced a new synthesis route to a novel state of matter with the application of 
non-equilibrium growth techniques to classical eutectic material systems. I have seen the 
formation of layered structures in both SrTiO3-TiO2 and BaTiO3-TiO2 systems. Previously, 
phase separation was thought to occur at or below the eutectic point, but there have been a lack 
of investigation of the hypothesis. In reality, most phase separation or phase stability is governed 
by the kinetics of material processing or treatment. In this regard, I have applied an extreme case 
of kinetically limited growth of eutectic materials. I have also imposed substrate-epitaxy 
conditions where I can give the driving force for ordering in self-assembled materials. This 
approach can be generalized to material systems that have intrinsic phase instabilities (i.e., 
eutectic or spinodal decomposition system) and that can be kinetically limited by epitaxial 
constraints.  
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Second, I found a set of new physical properties evolved from this layered structure, 
especially for Sr2Ti7O14 phase, including enhanced optical band gap, low dielectric constant, low 
glass-like thermal conductivity, and two-dimensional anti-ferromagnetism. These properties have 
been evolved through the high-quality growth of layered structure with nanometer-scale 
periodicity. All of these properties are found to be unique as compared to those of the parent 
phases of SrTiO3 and TiO2. One would expect interesting optical properties to evolve with layer 
spacing that can be tuned to the order of tens of nanometers. Visible-light active self-assembled 
materials have yet to be synthesized due to the lack of tunability in layer spacing in the 
investigated systems. 
Third, I found that the layered structure is completely controlled by composition and 
substrate orientation rather than the intrinsic eutectic point of the material systems, as we 
demonstrated in SrMnO3-MnO2 system. The emergence of a novel layered structure did not 
happen in this material system, as the perovskite structure of SrMnO3 can be converted to a 
hexagonal structure without relative ease to accommodate the substrate-imposed epitaxial 
constraints. This conversion occurs simply by forming 4H- and 6H-SrMnO3 phases and 
segregating the remaining excess Mn as a Mn3O4 phase. This observation is important to 
understand and design other layered structure, since the perovskite-binary system does not 
guarantee the formation of novel layered phases. There is still room for one to further the 
understanding of the mechanism and formation of layered structures, which I partially cover in 
Chapter 6.2. 
 
6.2 Suggestions for Future Work 
6.2.1 Photocatalytic Application of Surface Homojunction 
Utilization of surface homojunction is an exciting avenue for future study of single 
material nanocrystals for energy applications. Nanostructure surfaces play an important role not 
only in chemical reaction but also in carrier separation and transport, as different surface 
orientations have different energy states for electrons and holes. The utilization of surface 
orientation is very promising to effectively separate excited carriers and drive these carriers in 
the opposite directions to minimize recombination. In this regard, one can design efficient oxide 
semiconductor structures based on the energy state of different orientations of a single oxide 
semiconductor material. This can be possible with the hetero-epitaxy from the chosen substrate 
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as shown in Chapter 3. These devices would be applicable even in heterojunctions to enhance the 
overall light absorption and carrier separation. 
 
6.2.2 Probing Hot-Electron Diffusion Length and Lifetime in Ultra-Thin SrRuO3. 
The ultra-thin SrRuO3 films (5-10 nm) described in this work have shown enhanced 
photocatalytic activities as compared to bulk SrRuO3 and quantization effects (from optical 
conductivity studies) in the electronic sub-bands above 𝐸𝐹 . In this work, the Schottky diode 
device was brought in order to provide useful insights into the band bending, band offset, 
sensitivity to interface states (ideality factor), and many others; however, analysis of the diode 
characteristics was not sufficient to provide the dynamic response of hot carriers in an ultra-short 
timescale even though it is straightforward that the electronic structure change (especially split 
bands) can significantly affect the dynamics of hot-carrier transport including lifetime, 
attenuation length, and scattering event. Examination of the dynamics of hot carriers directly in 
ultra-thin films is necessary, as the observation of quantization in ultra-thin films indirectly 
proves the change in band structure. Measurements of the attenuation length can be achieved via 
ballistic electron emission microscopy (BEEM) [220,221]. One can study hot carrier transport in 
ultra-thin SrRuO3/Nb:SrTiO3 heterostructures (which possess a Schottky barrier at the interface) 
using scanning tunneling microscope tips. By applying external voltage through the tip and 
measuring transmission currents over the barrier height in devices with various thicknesses of 
SrRuO3, one can quantitatively measure the energy-dependent hot-electron attenuation length. 
Carrier lifetime measurements can be achieved by utilizing a deep-UV femtosecond laser and 
pump-probe-based techniques to monitor the attenuation of hot carriers in pico-second timescale 
[48,222]. 
 
6.2.3 Optimizing Schottky Device Structures for Solar Energy Applications. 
The photocatalytic activities of TiO2/metallic-oxide heterojunction devices discussed in 
the present work could be enhanced from a device perspective by engineering barrier height and 
built-in electric field or simply replacing the transport TiO2 layer with materials possessing 1) 
higher electron affinity and 2) higher intrinsic carrier concentration (n-type and low band gap). 
The high electron affinity (𝜒 > 3.9 eV of TiO2) will lower the barrier height at the interface 
between the metallic oxide and ideal oxide semiconductor material, and the high carrier 
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concentration in n-type oxide semiconductor will increase the built-in electric field and 
conductivity inside the oxide semiconductor. However, it should be considered that the surface 
of oxide-semiconductor/metallic-oxide heterojunctions still needs a TiO2 surface to maintain 
their excellent photocatalytic activities and environmental stabilities.  
For photovoltaic applications where TiO2 surface is not necessary, there are a few 
candidate materials – among numerous kinds of oxide semiconductors – that possess the 
previously mentioned material requirements for ideal transport material. The materials satisfying 
the requirements of high electron affinity (𝜒 > 3.9 eV) and higher intrinsic carrier concentration 
include binary oxides such as WO3 (𝐸𝑔 = 2.8 eV), Fe2O3 (𝐸𝑔 = 2.3 eV), Bi2O3 (𝐸𝑔 = 2.6 eV), and 
a binary sulfide such as MoS2 (𝐸𝑔 = 1.8 eV) [38,39,223]. However, these materials would not be 
ideal for photocatalytic applications, as they still cause another Schottky barrier with TiO2. To 
solve this issue, one could use nitrogen-doped TiO2 (TiO2-xNx) which possesses a low band gap 
of ~2.5 eV [35] as well as high conductivity. Another route is to explore metallic oxides with 
low work functions bringing lower barrier heights in heterojunction devices.  
 
6.2.4 Utilization of Ferroelectrics to Enhance Excited-Carrier Separation and Transport. 
Considering that the light absorption in oxide semiconductors is limited by the optical 
band gap of these materials and that there are limited candidates with a low band gap, excellent 
electronic transport, and chemical stability, the approach to enhance carrier separation and 
transport with a given light absorption and carrier excitation will be a more flexible solution for 
many oxide semiconductors. On the other hand, ferroelectric materials are known to possess 
spontaneous polarization within the material that can provide a driving force to carrier separation; 
however, most ferroelectric materials are known to be good insulators due to their large band gap. 
Thus, the coupling between ferroelectric materials as a charge-carrier-separation layer and oxide 
semiconductors as a light-absorber could provide a new route to enhance the device performance 
in solar energy applications. More specifically, lead-free ferroelectric materials such as BiFeO3 
and BaTiO3 can be good candidates as a carrier separation layer due to their spontaneous 
polarizations of ~100 μC/cm2 [224] and ~26 μC/cm2 [225], respectively. For the light-absorbing 
layer (but for correlated metallic oxides considered in this work), perovskite- or perovskite-
derivative-type oxide (or oxynitride) semiconductors such as (Cr,Sb)-codoped SrTiO3 (𝐸𝑔 = 2.4 
eV) [226], AgSbO3 (𝐸𝑔 = 2.6 eV) [227], BiVO4 (𝐸𝑔 = 2.39 eV) [228], Bi-doped NaTaO3 (𝐸𝑔 = 
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2.64 eV) [229], KBiFe2O5 (𝐸𝑔 = 1.6 eV) [230], MTaO2N (M = Ca, 𝐸𝑔 = 2.5 eV; M = Sr, 𝐸𝑔 = 2.1 
eV; M = Ba, 𝐸𝑔 = 2.0 eV)  [231], can be good choices due to their similar crystal structures and 
low band gaps. 
 
6.2.5 Self-Assembled Layered Structure for Optical Applications 
The approach of synthesizing multi-layered structures by applying non-equilibrium 
growth techniques to eutectic materials in kinetically-limited growth conditions has evolved a 
new state of matter: a novel, layered phase with nanometer-scale spacing between layers. To 
utilize this structure in optical applications to enhance light interaction, metallic phases between 
the layers are required. One could simply think of doping the layer with different transition 
metals that could result in local electron accumulations between layers; however, the spacing 
between the layers remains a boundary to utilizing this novel layered structure in visible-light-
active applications. The layer spacing between metallic and dielectric layers should be on the 
order of ~1/30 of the desired wavelength. In this regard, the ideal self-assembled layered 
structure is expected to possess ~10-25 nm spacing between metallic layers and dielectric layers 
assuming the desired wavelengths of ~300-750 nm. To achieve this, one could choose metallic 
oxide materials that possess limited solubility of excess cations, which can later be saturated and 
extracted out to form a dielectric layer. For the formation of layered structure, the surface energy 
of both the metallic and dielectric phases should be low, although they should be structurally 
dissimilar. More specifically, one could consider perovskite metallic oxides (ABO3) whose B-
site-excess binary oxides exhibit dielectric (or insulating) properties, such as LaNiO3 (metallic)-
NiO2 (dielectric) and SrVO3 (metallic)-VO2 (MIT, semiconducting typically below ~80°C and 
metallic above ~80°C). More material search is needed and could be accelerated with the help of 
theoretical calculations.  
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APPENDIX A 
OPTICAL, PHOTOVOLTAIC, AND PHOTOCATALYTIC 
MEASUREMENTS 
 
In this appendix, I present the additional detailed information of photovoltaic and 
photocatalytic measurements which are not covered in Chapter 4, including 1) raw optical data, 2) 
total light-absorption calculation, 3) optical filter information, 4) Richardson-Nordheim fitting 
method and barrier height determination, 5) raw photovoltaic I-V dark/light curves, 6) raw 
photocatalytic data, and 7) MB normalization method. 
 
  
108 
 
A.1 Raw Optical Property Data of Metallic Oxide Thin Films 
A full characterization of the optical properties of the metallic oxide films including 
SrRuO3, LaNiO3, SrVO3, La0.7Sr0.3MnO3, and La0.5Sr0.5CoO3 was completed via angle resolved 
ellipsometry (J. A. Woollam Co, Inc.) and the validity of ellipsometry data (note that the 
ellipsometry is indirect way of measurement of transmittance and reflectance) is confirmed by 
(direct) photospectrometry measurements (Cary 5G, Agilent Technologies). 
For brevity, I focus only on SrRuO3 film for the photospectrometry measurements [Fig. 
A.1] to confirm the validity of ellipsometry data [Fig. A.2]. Note that both measurements 
generate the data matched well with each other [as demonstrated, Fig. 4.3(a)-(b)]. Studies of 
transmittance and reflectance of 25 nm, 50 nm, and 100 nm SrRuO3/SrTiO3 (001) 
heterostructures as well as a bare SrTiO3 (001) substrate (as a reference) using 
photospectrometry are provided [Fig. A.1]. The decreased transmittance [Fig. A.1(a)] and the 
relatively constant reflectance [Fig. A.1(b)] with increasing SrRuO3 layer thickness indicate that 
the absorbance of SrRuO3 increases with its thickness as would be expected. The absorption 
shown in the main text [inset, Fig. 4.3(b)] was obtained by subtracting the transmittance and the 
reflectance from 100% incident light. The 𝛼 [orange square, Fig. 4.3(b)] was calculated from the 
general Beer-Lambert law using the transmittance of the substrate and the 25 nm SrRuO3/SrTiO3 
heterostructure. The fact that the reflectance of the SrRuO3 does not vary much as a function of 
its thickness suggests that the optical constants (𝑛 and 𝑘) are relatively independent of thickness 
since the reflectance (𝑅) is a function of 𝑛  and 𝑘  as noted above. Additional studies of the 
reflectance as calculated from 𝑛 and 𝑘 values measured via ellipsometry reveal similar negligible 
changes in the reflectance from 20-70 nm.  
Fig. A.1: (a) Transmittance and (b) reflectance of 25, 50, and 100 nm SrRuO3 films on SrTiO3 (001) substrates and 
a bare SrTiO3 substrate as measured via photospectrometry. 
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For the ellipsometric studies, the data measured from 50 nm thick films are provided. The 
optical constants (𝑛 and 𝑘) were obtained by fitting a pseudo- 𝑛 and - 𝑘 value to generate best 
fits to the measured Ψ and Δ using the VASE program. The thickness of the metallic oxide films 
was known to within < 1% error from XRR measurements and fitting the observed Kiessig 
fringe peaks from θ-2θ scans. The 𝑛 ranges from ~1.0  to ~2.7 in the entire range of photon 
energies studied (1.25 eV to 4.13 eV) depending on the material system [Fig. A.2]. It is 
noticeable that the extinction coefficient (𝑘 ), which is closely related with the absorption 
behavior of material, is non-zero across the entire range of photon energies. This indicates that 
there is always absorption in the metallic oxide across the visible light spectrum. It should be 
also noted that the light absorption in all metallic oxides is significant in the NIR region (< 2 eV). 
 
A.2 Calculation of Total Absorption in Metallic Oxides 
I briefly describe, here, the details of calculations of total absorption spectrum [used in 
Fig. 4.3(c)]. The amount of AM1.5G spectrum absorbed by a 50 nm thick metallic oxide thin 
film was calculated by the following procedure (SrRuO3 is used here as an example): First, the 
reflectance for normal incidence light on the metallic oxide layer was calculated using  
𝑅 =
(𝑛𝑆𝑅𝑂 − 𝑛𝑎𝑖𝑟)
2 + 𝑘𝑆𝑅𝑂
(𝑛𝑆𝑅𝑂 + 𝑛𝑎𝑖𝑟)2 + 𝑘𝑆𝑅𝑂
,                                                         (A. 1) 
Fig. A.2: Refractive index (𝑛) and extinction coefficient (𝑘) for 50 nm thin films of (a) SrRuO3, (b) LaNiO3, (c) 
SrVO3, (d) La0.7Sr0.3MnO3, and (e) La0.5Sr0.5CoO3 as measured via VASE. 
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where the optical constants were found experimentally for the films from the ellipsometry 
measurements. The non-reflected light spectrum (I1) was then calculated from the reference 
AM1.5G spectrum (I0) (as obtained from the ASTM G-173-03 Reference Spectra) as  
𝐼1 = 𝐼0(1 − 𝑅)                                                                     (A. 2)                                                               
This gives us a measure for the non-reflected light that enters of the SrRuO3 layer. From there, 
by considering the absorption coefficient [𝛼 obtained from Eq. (4.2)], I calculated the transmitted 
light intensity (I2) using the Beer-Lambert law (𝐼2 = 𝐼1𝑒
−𝛼𝑡), where t is thickness of the SrRuO3 
film. Finally, the absorbed light spectrum is obtained by subtracting I2 from I1.  
 
A.3 Longpass Glass Filter Information 
A table with the various filters used, 𝜆𝑂𝐷2, and the transmitted light intensity is provided 
[Table A.1]. Graphical representations of the transmitted light from the longpass glass filters is 
shown [Fig. A.3(a)] as are the transmitted light curves for each filter with an AM1.5G spectrum 
source [Fig. A.3(b)]. All longpass glass filters have sharp cut-off wavelengths and high 
transmittance (> 80%) across the remainder of the visible range.  
  
A.4 Schottky Barrier Height and Band Diagram Determination 
To quantitatively determine the band diagram of TiO2/metallic-oxide heterojunctions, I 
first characterized the Schottky barrier height between the ITO and TiO2 and then used this 
information to determine the Schottky barrier height between TiO2 and metallic oxides. Here, I 
focus on the details of the fitting and the analysis of data for the TiO2/SrRuO3 heterojunction 
device as an example. First, to find the Schottky barrier height between ITO and TiO2, I prepared 
Table A.1: Table showing the various 
longpass glass filters used in this work 
including (from left to right) the filter 
name, the λOD2, and the transmitted light 
intensity. 
Fig. A.3: Longpass glass filter information. (a) Transmittance of the 
various longpass glass filters across the visible light range. (b) Light 
intensity transmitted through each longpass glass filter overlaid on the 
the AM1.5 light spectrum. 
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a 100 nm thick TiO2 film on a 0.5% Nb-doped SrTiO3 (001) substrate. This substrate was chosen 
because it has a relatively invariant work function of 4.1 eV [137]. Via standard microfabrication 
processes, I defined top contacts of ITO and measured the I-V characteristics of the devices. I 
fitted the resulting diode curves (in dark) in the forward voltage bias region [Fig. A.4(a)] to the 
Richardson-Nordheim equation assuming thermionic emission:  
𝐽𝑓 = 𝐴
∗𝑇2 exp (
−𝑞𝜙
𝑘𝑇
) exp (
𝑞𝑉𝑓
𝑛𝑘𝑇
),                                            (𝐴. 3) 
where 𝐽𝑓 is current density under forward voltage bias, 𝐴
∗ (𝐴∗ = 𝑚𝑒𝑓𝑓 × 120 𝐴 𝑐𝑚
−2𝐾−2) is the 
effective Richardson constant, 𝑇 is the temperature, 𝑞 is electron charge, k𝐵  is the Boltzmann 
constant, 𝑉𝑓 is the forward voltage bias, and 𝑛 is ideality factor [232]. With known Richardson 
constants of 120-150 𝐴 𝑐𝑚−2𝐾−2 (the effective mass of anatase TiO2 ranges from 1.0 to 1.25 𝑚0) 
[233, 234], I obtained a Schottky barrier height of ~0.85 eV and an ideality factor of ~1.5 for the 
ITO/TiO2 interface. Based on this value, I were able to generate the proposed band diagram for 
ITO/TiO2/0.5% Nb-doped SrTiO3 [Fig. A.4(b)]. Armed with this information about the barrier at 
this interface, I proceeded to study ITO/TiO2/SrRuO3 heterostructures. As before, dark diode 
curves in the near zero-bias regime [Fig. A.4(c)] were fit to the Richardson-Nordheim equation 
and combined with the previously measured ITO/TiO2 Schottky barrier height to give a Schottky 
barrier height for the TiO2/SrRuO3 interface of ~1.3 eV (ideality factor ~2). It is common to fit 
the Richardson-Nordheim equation to the diode curves only near zero applied voltage. This is 
Fig. A.4: (a) Current density as a function of applied voltage for ITO/TiO2/0.5% Nb-doped SrTiO3 (001) 
heterostructure. The top and bottom graphs show the same data on linear and log scales, respectively, along with 
the red lines with are the fits to the Richardson-Nordheim equation. (b) Schematic band diagram showing the 
relative alignment of bands and the effective Schottky barrier height at the ITO/TiO2 interface. (c) Current density 
as a function of applied voltage for ITO/TiO2/SrRuO3/SrTiO3 (001) heterostructure. The top and bottom graphs 
show the same data on linear and log scales, respectively, along with the red lines with are the fits to the 
Richardson-Nordheim equation. 
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commonly done to exclude extrinsic and more complex contributions to the shape of the diode 
curves that more commonly occur at larger applied voltages. It is likely that the small, but non-
zero currents observed at low applied voltages here are the result of the finite resistivity of the 
TiO2 and subsequent leakage currents through the thin-film capacitor. Note that this finite 
resistivity and leakage potentially give rise to a deviation of the ideality factor for these devices 
away from one. In the end, the magnitude of these currents at low applied voltages are 
considerably smaller than the current observed when the overall diode “turns-on” [as illustrated 
in the dark I-V data, Fig. A.4]. Finally, it should be noted that this measured barrier height 
between TiO2 and SrRuO3 is consistent with the value calculated from the work function of 
SrRuO3 (5.2 eV) and the electron affinity of anatase TiO2 (3.9 eV). Based on the Schottky barrier 
heights estimated from these two devices (ITO/TiO2/SrRuO3 and ITO/TiO2/Nb-doped SrTiO3), I 
have constructed the proposed band diagrams in the main text [Figure 4.7(a)]. The rest of band 
diagrams [Fig. 4.7(b-e)] were also constructed based on this approach but for some metallic 
oxide devices including LaNiO3 and La0.5Sr0.5CoO3 where I used published work functions since 
both devices have ideality factors > 2 making the fitting of dark I-V curve less accurate. 
 
A.5 Raw I-V Data from TiO2/Metallic-Oxide Heterojunction Photovoltaic Devices 
The full set of light and dark I-V studies of 100 nm ITO/100 nm TiO2/50 nm metallic-
oxide Schottky and ohmic devices are provided [Fig. A.5]. All I-V curves show diode behavior 
except for SrVO3 device which is an ohmic device. As can be seen, the 𝐽𝑆𝐶  decreases as more of 
the high-energy light is cut-off, i.e., increasing the longpass glass filter cut-off wavelength. This 
effect is a result of the average hot-carrier energy decreasing and the resulting exponentially 
decreasing probability that the hot carriers generated in the metallic oxide will be injected, over 
the Schottky barrier, into the TiO2. In TiO2/SrRuO3 devices, the photocurrents increased 
significantly when the TiO2 get actively absorbs the UV portion of incident light. This can be 
explained by increased photoconductivity of TiO2 which transport excited carriers more 
effectively. In TiO2/LaNiO3 devices, the I-V characteristic curve shows almost linear behavior 
under AM1.5 illumination which indicate the device performs as Schottky diode but with very 
small barrier height which makes the I-V curve almost symmetric. In TiO2/SrVO3 ohmic devices, 
no measureable photocurrents or photovoltages are observed due to the lack of driving force for 
excited carrier separation and transport and the nature of ohmic junction. In TiO2/La0.7Sr0.3MnO3 
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devices, the I-V shows high reverse-bias currents which might be due to the recombination 
currents between electrons in TiO2 and holes in La0.7Sr0.3MnO3 (Recall that the La0.7Sr0.3MnO3 is 
p-ype oxide semiconductor). In TiO2/La0.5Sr0.5CoO3 devices, the I-V shows high reverse-bias 
currents under AM1.5 light which means that the device performs similarly as 
TiO2/La0.7Sr0.3MnO3 due to the recombination currents between photo-excited electrons in TiO2 
and holes in La0.5Sr0.5CoO3. 
 
A.6 Raw Data for Methylene Blue Degradation Experiments 
A set of raw data of MB degradation experiments for accesing photocatalytic activities 
from TiO2/metallic-oxide heterojunction devices are presented. Control samples (a plain glass 
slide with no platinum and a 10 nm TiO2 film on a platinum-coated slide) were run and the MB 
decomposition rate was found to be the same for both control samples within the error of the 
measurement (±5%). The time evolution of the MB solution concentration for each sample was 
normalized to the initial concentration and the resulting exponential decay curves [Fig. A.6] 
(indicative of a first-order or pseudo-first-order reaction) were fit to find the rate constant, k𝑟, 
from the exponential decay equation: 
Fig. A.5: Light and dark I-V characteristics of 100 nm ITO/100 nm TiO2/50 nm metallic-oxide photovoltaic 
devices taken with different longpass glass filters (the number in the key represents 𝜆𝑂𝐷2) for (a) SrRuO3, (b) 
LaNiO3, (c) SrVO3, (d) La0.7Sr0.3MnO3, and (e) La0.5Sr0.5CoO3. 
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Μ = Μ0𝑒
−k𝑟𝑡,                                                             (𝐴. 4) 
where Μ is concentration at time 𝑡, Μ0 is initial MB concentration, and k𝑟 is rate constant. 
Because both the control samples and heterostructures had first-order kinetics, the rate 
constant for the control samples was subtracted from the measured rate constant of the 
TiO2/metallic-oxide heterojunctions to determine the rate constant of only the TiO2/metallic-
oxide heterojunctions. 
 
A.7 Calculation of Mass-Normalized Photocatalytic Activities 
To put the observed photocatalytic activity of 
the heterostructures into context with the well-studied 
material Degussa P25, I calculated a mass-normalized 
photocatalytic activity. This is found by multiplying 
the measured rate constant by the initial MB 
concentration. This value is then divided by the sum of 
the mass of the metallic oxide and the TiO2 in the 
heterostructure as found by the product of the 
thickness and the bulk mass density. The summarized 
results are shown in Chapter 4.6 [Fig. 4.8(a)]. As can 
be seen, the mass-normalized activities for all the 
heterostructures in this study are higher than for Degussa P25 as measured under similar pH and 
illumination conditions [147]. It is noteworthy that the La0.5Sr0.5CoO3-based heterostructure has 
the mass-normalized activity and is more than 27 times greater than Degussa P25.  
Fig. A.6: Normalized MB concentration time 
trace for 10 nm TiO2/50 nm metallic oxide 
heterojunctions devices and control standards 
(glass slide and 150 nm TiO2) under AM1.5G 
illumination. 
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